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1 Introduction
Nanocomposites consist of two or more phases, whereby at least one component has
one dimension less than 100 nm [1]. They are advanced functional materials whose
mechanical, electrical, optical, and structural properties cannot be predicted from the
properties of the individual components alone, but strongly depend on the composite
structure. This is mainly associated with the high surface to volume ratio of the
nanometer sized phase resulting in many interfaces between the constituent phases.
In thin films, the small grain size which is by a factor of more than 100 smaller than
for bulk materials and the large surface-to-bulk ratio cause thin films to behave differ-
ent from their bulk counterparts [2]. Nanocomposite films have received considerable
interest for their potential application in many fields [1]. Despite the important role of
interfaces for nanocomposite properties, there is a lack of understanding in the struc-
ture forming phenomena of multiphase films and their stability involving the interplay
of thermodynamic and kinetic factors. A deposition can be considered as a sudden
quench from a homogeneous mixture of two or more components in the vapor phase
upon adsorption on the substrate into a state corresponding to a phase coexistence in
the phase diagram [3]. Thermodynamically, the systems tends to phase separate into
its major film constituents or the respective compounds, while the phase separation
process is dictated by the kinetical parameters such as surface diffusivity of adatoms
and their covering rate.
Among nanocomposite films, carbon:transition metal (C:TM) nanocomposite films
possess a unique combination of properties which make them promising candidates for
high-density magnetic recording media, spintronic devices, low-friction solid lubricants,
or hard wear resistant coatings [4–19]. Such nanocomposites have been synthesized by
different physical vapor deposition (PVD) techniques such as ion beam co-sputtering
[4, 10, 20–24], magnetron sputtering (MS) [5, 17, 18, 25, 26], pulsed filtered cathodic
vacuum arc (PFCVA) deposition [6, 9],or pulsed laser deposition (PLD) [16, 27], while
hybrid processes such as plasma-assisted chemical vapor deposition (PACVD) [28–31]
are also appropriate for the synthesis of C:TM nanocomposite films.
The structure of so-grown nanocomposites consists of metal-rich nanoparticles em-
bedded in a carbon matrix. Dependent on the growth conditions, metal-rich nanopar-
ticles can be either metallic [10, 18, 20, 23–25] or carbidic [18, 20, 25, 32] (chemical
state), amorphous [5, 25, 33, 34] or crystalline [17, 20, 25, 32] (phase), globular [17, 18]
or elongated [10, 17, 18, 20, 25, 32] (morphology). On the other hand, the carbon
matrix can be amorphous [6, 16, 18, 23], graphite-like with graphene layers curved into
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a cylindrical shape encapsulating elongated nanoparticles [6, 10, 18, 20, 23, 25], and
fullerene-like (FL) with a spherical-like curvature encapsulating globular nanoparticles
[17, 18]. It has been demonstrated that such a growth proceeds via feedback interac-
tions between the dispersed phase and the matrix [3], with the matrix affecting the
morphology of the dispersed phase, the latter influencing on its turn the matrix struc-
ture. Obviously, the chemical interaction between the nanocomposite constituents has
to play a role in addition to other growth parameters such as temperature, compo-
sition, presence of energetic ions, etc... Although different C:TM systems have been
investigated in the literature, the growth technique sensitivity does not allow drawing
global conclusions and general tendencies. There is a lack of a systematic investiga-
tion to reveal the dispersed phase-matrix feedback interactions and the influence of the
C-TM chemistry on the growth-structure relationship of C:TM nanocomposite films.
Thus, the purpose of this work is to shed some light on these complex interactions and
to disentangle the underlying mechanisms responsible for a particular nanostructure
formation.
In order to fill this gap, this work is a comprehensive study on structural changes
in C:TM nanocomposite films of both the dispersed metal-rich phase and the carbon
matrix. Three TMs have been chosen to be incorporated into the carbon matrix based
on their chemical affinity to the carbon matrix, namely vanadium, cobalt and cop-
per. In addition to their tendency to form carbides (V - strong carbide former, Co
- metastable carbide former, Cu - non-carbide former), the phase diagrams of these
elements with carbon represent three different classes: intermediate compound phase
diagram for V-C, eutectic for Co-C and peritectic for Cu-C [35]. Thus, the tendencies
observed for each of these elements are expected to be at least partially valid for other
systems described with the same phase diagram type. The nanostructural development
of C:TM thin films is investigated in two regimes: during growth which is limited by
surface diffusion and during annealing controlled by bulk diffusion. The latter repre-
sents the approach of the system toward the thermodynamic equilibrium, while the
former highlights the interplay of thermodynamic and different kinetic factors.
In this study, four parameters affecting the film structure are varied: growth temper-
ature (RT-500◦C), annealing temperature (300-700◦C), metal type (V, Co, and Cu) and
content (15-40 at.%). The influence of these parameters on the composite structure is
reported. Methodically, the nanocomposite structure is determined by combined elas-
tic recoil detection analysis (ERDA), X-ray diffraction (XRD), transmission electron
microscopy (TEM), and Raman spectroscopy. Recently, the study on C:Ni nanocom-
posites [20] has demonstrated that the combination of these analytical techniques is
appropriate for the characterization of both nanocomposite constituents - matrix and
dispersed phase, provides a better understanding of the structure forming phenom-
ena in composite films, and allows to highlight the dispersed phase-matrix feedback
interactions. The C:TM nanocomposite films were grown by ion beam co-sputtering.
Despite of its simplicity, this synthesis technique allows a high and independent control
over synthesis parameters such as sputtering ion type, flux, and energy, and substrate
temperature. In order to underline the metal effect on the surrounding carbon phase
and on the thermal stability of the films a series of pure carbon samples has been
3deposited at identical growth conditions for comparative spectroscopic investigations.
This thesis consists of the following chapters. The basic principles are reviewed
in section two. The experimental part and the film characterization techniques are
presented in sections three and four. The results obtained on as-deposited films as a
function of growth temperature, metal type and content are reported and discussed in
section five. In the same section, the modification of phases and morphology as a result
of annealing are studied. Part six summarizes the findings of this work and presents
the conclusions.
2 Basic principles
As this work concerns the investigation of carbon:transition metal nanocomposite thin
films, the aim of this introductory chapter is to give an overview on the bonding
behavior of carbon, transition metals (TMs) and their respective carbides - the prin-
ciple constituents of C:TM nanocomposites - as well as on C:TM phase diagrams,
the nanostructural evolution during thin film growth, and on the structure of C:TM
nanocomposites. The different types of hybridization of the carbon atom and general
properties of the carbon allotropes are described in section 2.1 and 2.2. As phase struc-
ture and morphology of a composite are influenced by the miscibility of the main film
constituents, section 2.3 considers the transition metals and their tendency to form car-
bides. In section 2.4 the phase diagrams of carbon with the three TMs used in this work
(V, Co, and Cu) are presented and described. The fundamental film growth processes
and resulting structure zone models (SZMs) during physical vapor deposition (PVD)
of single- and multiphase systems are summarized in section 2.5. The description of
the film structure and morphology of C:TM (TM=V, Co, and Cu) nanocomposites in
section 2.6 closes the introductory chapter.
2.1 Bonds between carbon atoms
Atomic carbon (C) has a 1s22s22p2 electronic ground state configuration with two
electrons occupying the innermost K shell and four electrons occupying the second L
shell [36, 37]. The electrons from completely filled shells and subshells, called orbitals,
(1s and 2s) do not take part in any bonding. Only the electrons located in the outer
orbital, namely the two 2p orbitals, are available for bonding to other atoms and
are called valence electrons. Carbon in this state would be divalent, since only two
electrons are available for bonding [36]. Divalent carbon indeed exists and is found in
some highly transient-organic intermediates such as the carbenes [36]. However, the
carbon allotropes and the stable carbon compounds are not divalent but tetravalent,
which means that four valence electrons are present [38]. The increase in valence
electrons is achieved by the formation of hybrid atomic orbitals.
In order to obtain four valence electrons, the arrangement of the electrons in the L
shell of the carbon atom in the ground state is modified as one of the 2s electrons is
promoted to the higher 2p orbital. These new orbitals are called hybrids since they
combine the 2s and 2p orbitals and are labeled sp3 since they are formed from one s
and three p orbitals [36]. The tetrahedral symmetry is found in structures like diamond
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Figure 2.1: Schematic presentation of sp3, sp2 and sp1 hybridizations [39, 40]. The open
loops denote strong σ-bonds and the shaded loops denote weak pi-bonds.
or methane (CH4) where a carbon atom is bonded to four other carbon or hydrogen
atoms, respectively, by strong covalent sigma bonds using 2s, 2px, 2py, 2pz orbitals
in an sp3 configuration (figure 2.1). The distinguishing feature of a sigma (σ) bond
is that the orbital overlap lies directly between the two nuclei, while the pi (pi) bond
has orbital overlap off to the sides of the line joining the two nuclei. In the graphite
structure, strong in-plane sigma bonds are formed between a carbon atom and its three
nearest neighbors from 2s, 2px and 2py orbitals. This bonding arrangement, denoted
by sp2, is achieved by the promotion and combination of one of the ground state 2s
electrons with two of the 2p orbitals. The remaining unhybridized electron with a pz
orbital directed perpendicularly to the plane of the three sp2 orbitals provides only
weak interplanar bonding (pi bond), but is responsible for the semimetallic electronic
behavior in graphite [37]. The trigonal orbital is the basis of all graphitic structures
and aromatic compounds. The third type is the sp1 hybridization consisting of two
sigma and two pi bonds. The sp molecules have a linear structure due to the mutual
repulsion of the two sigma bonds. Examples of molecules having sp bonds are the
gas acetylene and the carbynes, which are cross-linked linear-chain carbon polytypes,
usually unstable [41].
2.2 The carbon allotropes: graphite, diamond,
fullerenes and others
Carbon possesses various atomic structures with different hybrid configurations (sp,
sp2, sp3) called the allotropes of carbon. This capability makes carbon unique in that
simple changes in its local bonding can give rise to materials as diverse as graphite,
diamond, fullerenes and their many derivatives like carbon nanotubes, and disordered,
nanostructured and amorphous carbons [37, 42]. The carbon allotropes can be clas-
sified into three major categories: (i) the sp2 structures which include graphite, the
graphitic materials, amorphous carbon, and other carbon materials, (ii) the sp3 struc-
tures which include diamond and lonsdaleite (a form detected in meteorites) and (iii)
the fullerenes [36]. Examples of carbon allotropes are shown in figure 2.2. In addition
to the natural carbon materials, like natural single crystal graphite flakes or diamond,
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Figure 2.2: Some allotropes of carbon: (a) diamond, (b) graphite, (c), londsdaleite, (d)-(f)
fullerenes (C60, C540, C70), (g) amorphous carbon, (h) carbon nanotube [51].
synthetic products exist such as kish graphite [43], highly oriented pyrolytic graphite
(HOPG) [44], glassy carbon [45], carbon fibers [46], nanotubes [47–49] and graphene
[50].
Graphite has a hexagonal structure which is highly anisotropic, exhibiting metallic
behavior in the basal (ab) plane and poor electrical conductivity perpendicular to the
plane (along the c-axis) [52]. In contrast, diamond is an isotropic cubic wide gap
semiconductor [53]. In terms of mechanical properties diamond is by far the hardest
known material, while graphite can be one of the softest [36, 37]. Though graphite
and diamond are rather inert under ambient temperatures and pressures, they can
transform into one another when exposed to special conditions [54, 55]. The fullerenes
are different from either one forming closed-cage structures that combine both sp2 and
sp3 bonds [36].
The great versatility of carbon materials arises from the strong dependence of their
physical properties on the ratio of sp2 (graphitelike) to sp3 (diamondlike) bonds [57, 58].
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Figure 2.3: Ternary phase diagram of amorphous carbons. The three corners correspond to
diamond, graphite, and hydrocarbons, respectively [56].
There exist many forms of sp2-bonded carbons with various degrees of graphitic order-
ing, ranging from microscrystalline graphite to glassy carbon. In general, an amorphous
carbon can have any mixture of sp3, sp2, and even sp1 sites, with the possible presence
of up to 60 at.% hydrogen [56]. The ternary phase diagram in figure 2.3 shows possible
compositions. Diamondlike carbon (DLC) is defined as an amorphous (a-C) carbon
with a significant amount of sp3 hybridized carbon atoms. The hydrogenated amor-
phous carbons (a-C:H) have a rather small C-C sp3 content. DLC’s with a higher sp3
content are called tetrahedral amorphous carbon (ta-C) and its hydrogenated analog
ta-C:H. The key parameters of interest in such materials are (1) the sp3 content; (2) the
clustering of the sp2 phase; (3) the orientation of the sp2 phase; (4) any cross-sectional
structure; and (5) the H content [42]. Amorphous carbons with the same sp3 and H
content but different sp2 clustering, sp2 orientation and cross-sectional nanostructure
show different optical, electronic and mechanical properties [59].
2.3 Transition metals and their carbides
In the periodic table of elements in figure 2.4 the 40 chemical elements with the atomic
numbers 21-30, 39-48, 57-80 and 89-112 are referred to as transition elements or transi-
tion metals. They are positioned between the elements of main group IIA and IIIB and
contain electrons in d atomic orbitals. The name transition comes from their position
in the periodic table of elements. In each of the four periods in which they occur,
these elements represent the successive addition of electrons to the d atomic orbitals
of the atoms. A definition by the IUPAC (International Union of Pure and Applied
Chemistry) defines a transition metal as an element whose atom has an incomplete d
sub-shell, or which can give rise to cations with an incomplete d sub-shell [60]. By this
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Figure 2.4: Periodic table of elements [61]. Lanthanides and actinides form the inner transi-
tion elements. Elements 108-112 are not shown in the table.
definition zinc, cadmium and mercury are excluded from the transition metals, as they
have a d10 configuration.
Transition metals strongly differ in their physical and chemical properties. The
reason for this behavior is the different number of d electrons, which results in partially
or completely filled d sub-shells. Transition metals may have multiple oxidation states,
they form complexes and exhibit a good catalytic activity [62, 63]. Iron, cobalt and
nickel are ferromagnetic at room temperature while the others are not. In comparison
to the alkali and alkaline earth metals, transition metals are fairly hard and exhibit,
with the exception of the metals of the zinc group, a relatively high melting point [62].
Transition metals show a different chemical affinity to carbon which decreases along
one period with the exception of group IIIA elements. Therefore, transition metals
can form stable, metastable or relatively unstable carbides [61, 62] which are separated
into three different groups: acetylides, interstitial carbides and intermediate transition
metal carbides. As this work concerns vanadium, cobalt and copper, in the following
the 3d transition metals and their respective carbides will be considered.
Together with the methanides, acetylides belong to the salt-like carbides. Acetylides
contain a C2-unit and are formed by the alkali and alkaline earth metals, e. g. Na2C2
and CaC2, and by the lanthanides, e.g. LaC2. Copper forms explosive acetylides
[61, 62].
Interstitial carbides are formed by the transition metals of group IVA, VA and VIA,
with the exception of chromium [61, 62]. These carbides are chemically quit inert,
refractory, harder than pure metals, they show metallic conductivity and exhibit a
high melting point in the range of 3000-4000◦C [61, 62]. Carbon atoms fill octahedral
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Figure 2.5: Structure of NaCl (a) and CdI2 (b) in polyhedra [64]. Cl− and I2− ions are
situated on the corners of the polyhedron while Na+ and Cd2+ ions occupy the holes.
interstices in a close packed metal lattice, which only occurs if the metal atom radius is
greater than approximately 135 pm [61]. When the metal atoms are cubic closed-packed
(ccp), all of the octahedral interstices are filled with carbon achieving 1:1 stoichiometry
with the rock salt, NaCl, structure (figure 2.5 (a)). When the close packed arrangement
of metal atoms is hexagonal (h) instead of cubic (c), as the octahedral interstices lie
directly opposite each other on either side of the layer of metal atoms, filling only one
of these with carbon atoms achieves 2:1 stoichiometry with the CdI2 structure (figure
2.5 (b)) [61]. An example for the latter case is V2C. In the case of alternating layer
sequences of metal atoms, intermediate stoichiometries exist, e. g. V4C3 (hhcc) [61].
Also regularly disordered structures of the NaCl-type are known, like V8C7 and V6C5,
which demonstrates the range of stoichiometries of interstitial carbides [61].
The transition metals Cr, Mn, Fe, Co and Ni, with an atomic radius below 135 pm,
do not form typical interstitial carbides, but intermediate transition metal carbides
with a more complex structure [61, 62]. These compounds appear either as metastable
carbides or intermediate phases. Multiple stoichiometries are common, e.g. iron forms
a number of carbides, Fe3C, known as cementite, Fe7C3 and Fe2C [61]. The carbides
of Cr, Mn, Fe, Co and Ni are more reactive than the interstitial carbides. These
compounds share features with both the inert interstitials and the reactive salt-like
carbides.
2.4 Phase diagrams
2.4.1 General considerations
A phase diagram is a type of graph showing the equilibrium conditions between the
thermodynamically-distinct phases as a function of composition, temperature and pres-
sure [2]. Phases not only denote solid, liquid and gaseous states of pure elements or
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compounds, but also refer to different crystal structures in the solid state. Phase tran-
sitions that occur with decreasing temperature at certain temperature values from gas
to liquid and further to solid phase or in the solid state imply that the system tends to
minimize the Gibbs free energy [2, 65]. Phase diagrams not only provide solubility data
as a function of temperature, but they contain plenty of thermodynamic information
on systems in equilibrium which can easily be interpreted without the use of complex
laws, functions, or equations. They have been experimentally determined for lots of
systems by numerous researchers over the years and provide an invaluable guide when
synthesizing materials [35].
The result of mixing together two or more components, e.g. metals, may be quite
complex. Whether two components are miscible depends on their atomic radii, crystal
structure, electronegativities and valency. Relatively small concentrations of a solute
metal in a given solvent metal may form a solid solution in which the crystal structure
characteristic of the solvent is maintained, except for changes in the dimensions of
the unit cell. Atoms of the solute component may replace those of the solvent in
the structure if the atomic diameters of the two components are comparable, or, if
the atomic diameter of the solute element is much smaller than that of the solvent,
the solute atoms may occupy interstitial positions between the atoms of the solvent
[65]. At higher solute concentrations, the different types of atoms may form a new
phase with a crystal structure which differs from that of either component. Such
stable configurations of unlike atoms are known as intermediate or intermetallic phases
[65, 66].
In a binary phase diagram the temperature is plotted against the relative concen-
trations of the two components A and B showing the compositions of solid and liquid
phases which are in equilibrium at various temperatures. The simplest type of phase
diagram occurs if the components are completely miscible in the solid state (see figure
2.6 (a)). At temperatures and compositions corresponding to points above the curve
LMO (the liquidus curve) the alloy consists of a single liquid phase. For temperatures
and compositions corresponding to points below curve LNO, which is known as the
solidus curve, the system exists as a mutual solid solution of the two components A
and B. At temperatures and compositions between the two curves, the alloys consist of
a mixture of liquid and solid phases. Within the area LMON at any given temperature
between the freezing points of A and B, the compositions of solid and liquid phases
are fixed, i.e. in figure 2.6 (a) at temperature T3, the compositions of solid and liquid
are p and q. Besides, at this temperature, an alloy of composition r consists of solid
and liquid phases in the ratio rq/pr. Any alteration of temperature within this range
causes the composition and ratio of solid and liquid in equilibrium with each other to
change.
Systems with a limited mutual solid solubility are more complex (figure 2.6 (b)-
(d)). In these systems horizontal isothermal boundaries indicate phase transformations
involving three phases. The following common reactions may occur at these critical
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Figure 2.6: Binary alloy phase diagrams with complete solid miscibility (a) and with limited
mutual solid solubility (b)-(d) [65].
isotherms, where α, β and γ are solid solutions and L denotes liquid phase [2, 65]:
Eutectic L→ α + β (2.1)
Eutectoid γ → α + β (2.2)
Peritectic L+ α→ γ (2.3)
Peritectoid α + β → γ (2.4)
Figure 2.6 (b) displays an eutectic system. The point E is known as the eutectic point
having the lowest melting point of the system [66]. Liquid of the eutectic composition
directly solidifies at the eutectic temperature TE to form a mixture of the two solid
phases α and β (equation 2.1) of compositions p2 and t2 respectively, in the proportions
et2/p2e. Left and right of the eutectic point a mixture of liquid and solid phases is
formed before the complete solidification. In this case a peritectic reaction analogous
to equation 2.3 takes place which means a liquid and a solid phase of fixed compositions
react at a fixed temperature to form another solid phase. The corresponding reactions
are: L+α → β and L+β → α.
Figure 2.6 (c) also shows three phases in equilibrium at point P; liquid of composition
p0 is in equilibrium with α and β of compositions p2 and t2. The composition p0 is
known as the peritectic composition and the system therefore as the peritectic system.
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At the peritectic point liquid of composition p0 reacts with α of composition p2 to form
β of compositions t2 (equation 2.3).
A system including an intermediate phase is illustrated in figure 2.6 (d). Intermedi-
ate phases are formed within certain composition ranges and have a crystal structure
different from those of either of the terminal solid solutions [65]. The intermediate
phase γ is able to dissolve limited amounts of both components A and B. In addition,
the system contains two eutectic reactions, L → α+γ and L → γ+β and peritectic
reactions left and right of the eutectic points analogous to equation 2.3.
For some purposes, a relatively complex system may be considered as built up from
the combination of simpler systems. Thus, figure 2.6 (d) is actually two diagrams of
the type of figure 2.6 (b) placed side by side with the components being α and γ for
the left side, and γ and β for the right side. Binary phase diagrams often contain not
merely one, but a whole sequence of intermediate phases, some of which may be formed
at maxima on the liquidus curve and others by peritectic reactions [65].
With decreasing temperature transformations in the solid state may take place sim-
ilar to those already considered for the liquid
solid equilibrium. New phases may
be formed in the solid state by a process analogous to an eutectic or a peritectic re-
action known as an eutectoid (equation 2.2) or a peritectoid reaction (equation 2.4),
respectively. In addition, transformation of one solid phase into another can occur.
The simplest form of this type of transformation can be found in pure metals, e.g iron
transforms in the solid state with decreasing temperature from the δ into the γ phase
and further into the α phase [66].
2.4.2 Phase diagrams of carbon-vanadium, carbon-cobalt and
carbon-copper
Figure 2.7 (a) shows the phase diagram for the system carbon-vanadium, which is based
on Ref. [67–70]. This phase diagram belongs to the type described in figure 2.6 (d) but
contains several intermediate phases. At elevated temperatures, only two intermediate
phases (V2C and VC) exist. Both phases exibit wide ranges of homogeneity. The V2C
phase is formed by a peritectic reaction between liquid and VC. Decreasing temperature
results in a peritectoid reaction between V2C and VC near 1320
◦C to form the V4C3−x
phase. This phase is nearly invariant in stoichiometry in contrast to V2C and VC.
This invariance exists even though the phase is C deficient, with the crystal structure
indicating an ideal stoichiometry of V4C3, but with a stoichiometry near V3C2 in reality.
On this basis, the composition of the phase is referred to as V4C3−x [35]. At still lower
temperatures, transformations within the phase fields of V2C and VC occur, which
yield in a range of stoichiometries with complicated phase relationships. The phase
relationships for the region between 27 and 34 at.%C must be considered tentative.
Although these relationships agree with the majority of the available experimental
data, some uncertainties exist. Crystallographic data indicate that the V-rich portion
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Figure 2.7: Binary phase diagrams of carbon-vanadium (a), carbon-cobalt (b) and carbon-
copper (c) [35]. Solid lines denote experimental data, while dashed lines were derived from
thermodynamic modeling. The eutectic point E is also indicated in the phase diagrams.
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of the high-temperature form of V2C differs in terms of space group symmetry in
comparison to the C-rich high temperature form. On this basis, the C-rich part of the
high-temperature region is labeled βV2C, and the V-rich part is labeled β
′V2C. The β
and β′ phases exhibit a hexagonal crystal structure and their V sublattices are identical
[35]. In contrast, VC exhibits a fcc (face-centered cubic) crystal structure which is of
rock salt, NaCl, structural type.
The phase diagram for the system carbon-cobalt which is shown in figure 2.7 (b) is
attributed to eutectic systems (figure 2.6 (b)). Liquid (L) with the eutectic composition
of 11.6 at.% Co solidifies at the eutectic temperature of 1320◦C to form a mixture of
the two solid phases (αCo) and graphite. (αCo) exhibits a face-centered cubic (fcc)
crystal structure and is therefore also referred to as fcc Co. In addition, at 421.5◦C
the (αCo) solid solution transforms into (Co) and graphite by an eutectoid reaction
[71]. The crystal structure of (Co) is hexagonal closed-packed (hcp), therefore also
labeled hcp Co. The solubility of C in the (Co) phase at the eutectoid temperature is
estimated to be 8.74×10−4at.%C [72]. The Curie temperature TC of the (αCo) solid
solution, which is additionally shown in the phase diagram, decreases by the addition
of C. Besides, three kinds of metastable cobalt carbides are reported in the literature
[33, 72]: orthorhombic Co3C, orthorhombic Co2C and hexagonal Co2−3C, which is
also referred to as (’Co). These metastable phases in the Co-C system are known to
be unstable at temperatures higher than about 300-420◦C and transform into stable
metallic cobalt and graphite phases [6, 22, 25, 33, 73]. Furthermore, another metastable
cobalt carbide phase, named δ’-Co2C, has been reported by Konno et al. [33], whose
structure is a derivative of the δ-Co2C or simply Co2C structure. Orthorhombic cobalt
carbide and hcp cobalt also can coexist, which is known as the MS II phase [22, 33].
The phase diagram for the system carbon-copper which is shown in figure 2.7 (c)
represents a peritectic system (figure 2.6 (c)). The Cu-C system is based on the review
of the experimental data of Ruff, Bever and McLellan [74–76] and was obtained by
thermodynamic modeling. Solid lines denote experimental data, while dashed lines
were derived from modeling. Solid Cu is formed by a peritectic reaction, L+(C) →
(Cu), with the peritectic horizontal lying at a temperature of ∼1100◦C, which is just
above the melting point of Cu. Copper exhibits a fcc crystal structure. The solubility
of C in the (Cu) solid solution at the peritectic temperature is about 0.04 at.%. For
higher Cu contents two solid solutions exist, which are Cu and graphite (C), whereby
the latter exhibits no reported solubility of Cu [35]. In addition, the preparation of the
compounds Cu2C2 and CuC2 was also reported [77]. These compounds were termed
copper acetylides, because they result from the substitution of Cu for the hydrogen
atoms of acetylen. Both compounds were reported to be very unstable [77].
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2.5 Growth mechanisms of single- and multicomponent
films
Film synthesis by low-temperature PVD generally takes place far from thermodynamic
equilibrium. Microstructure during deposition therefore typically evolves in a compet-
itive fashion and the kinetic limitations induced by low-temperature growth allow the
controlled synthesis of metastable phases and artificial structures like multilayers and
nanophase materials [78]. The growth processes which control microstructural evolu-
tion include nucleation, island growth, coalescence of islands, formation of a connected
network with polycrystalline islands and channels, development of a continuous struc-
ture based on filling and shrinking of channels, and film growth [2, 78, 79]. These
film growth processes depend on the type of atoms and the growth conditions such as
substrate temperature, deposition rate, pressure during deposition and energy of in-
coming particles [2, 78, 80, 81]. Surface and bulk diffusion are the determining atomic
processes controlling structure evolution. These processes are mainly affected by the
substrate temperature and energetic particle bombardment which can be used to ma-
nipulate adatom mobilities and nucleation rates. The presence of alloying elements or
impurities and their segregation to surfaces and grain boundaries can strongly influence
the film morphology.
Figure 2.8 illustrates the atomic processes which take place on solid surfaces at vapor
deposition. Atoms arrive on the surface with the rate R and depending on the value
of their diffusion energy Ed, they start to move over the surface. During this process
they can encounter other adatoms and form small clusters with the binding energy Eb
[83] or attach to already existing clusters. Besides, nucleation kinetics is affected by
the crystal structure of the substrate material, lattice defects, surface steps and surface
contamination [78]. Diffusion of atoms and nucleation give rise to three basic growth
modes [2, 82, 84] which are shown schematically in figure 2.9. These growth modes are
distinguished in terms of surface and interface energies [82]. The Volmer-Weber mode
describes 3D island growth and occurs when the adatoms are more strongly bound to
each other than they are to the substrate. In the opposite case, where the adatoms are
more strongly attracted by the substrate than by themselves, layer-by-layer or Frank-
van der Merwe growth arises. The layer-plus-island or Stranski-Krastanov growth
mechanism is an intermediate case of the preceding two modes. After the formation of
Figure 2.8: Schematic view of possible atomic processes on solid surfaces [82].
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Figure 2.9: Schematic representation of the three basic modes of thin-film growth [2].
one or more monolayers, subsequent layer growth becomes unfavorable and islands are
formed. As can be seen from figure 2.8, other atomistic processes like re-evaporation
and interdiffusion occur during deposition.
The density of stable nuclei increases with time up to some maximum and then
decreases due to coalescence of islands. During island coalescence, there is a strong
driving force for coarsening through surface diffusion and grain boundary migration [78]
in order to minimize the total surface and interface energy. Dependent on temperature
and island size, coarsening can be very fast. This process is then termed liquid-like
coalescence, which occurs either by rapid surface diffusion or by melting (for materials
with a low melting point) of contacting islands in order to release surface and edge
energy [78]. The presence of facets is an indication that liquid-like coalescence has
occurred. Grain coarsening during coalescence of the contacting crystals is repeated
until the local grain size becomes sufficiently large that grain boundaries are immobile.
Another phenomenon of grain coarsening is Ostwald ripening, whereby large clusters
grow at the expense of smaller ones without direct contact [2].
Extensive studies of the correlation between film structure and deposition parame-
ters have been carried out over the past five decades leading to the development and
refinement of so-called structure zone models (SZMs). These models systematically
classify the structural evolution during physical vapor deposition in dependence of film
growth parameters [2, 78, 80, 85–88].
The earliest of the SZMs was proposed by Movchan and Demchishin [85] in 1969.
They observed that the microstructural evolution of evaporated metal and oxide coat-
ings can be systematically represented as a function of the homologous temperature
T/Tm, with T being the substrate temperature and Tm the melting point of the conden-
sate. In subsequent years parts of existing structure zone diagrams have been revised
and new variables have been suggested in order to create new SZMs for different depo-
sition techniques and material systems [2]. An example of a refined SZM characterizing
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Figure 2.10: Revised structure zone model representing microstructural evolution during pure
elemental film growth [81]. The zone T competitive grain growth is clearly visible.
microstructural evolution in pure elemental films is shown in figure 2.10. During film
growth in the low temperature zone I regime nucleation dominates the film morphology
and the film is composed of fibers of small diameter (1-10 nm). This structure belongs
to the temperature interval 0 < T/Tm < 0.2, where neither surface nor bulk diffusion
are significant. In the transition zone T competitive grain growth takes place resulting
in an inhomogeneous structure along the film thickness [78, 81]. Near the substrate, a
fine-grained structure exists out of which V-shaped columns with the favored orienta-
tions slowly emerge and overgrow columns which are less preferred in terms of kinetic
growth processes and/or, e.g., surface energy or internal stress. The upper part of thick
films can be columnar. This zone belongs to the temperature interval 0.2 < T/Tm <
0.4 in which surface self diffusion is remarkable, while grain boundary migration is
strongly limited. In zone II grain growth additionally occurs by bulk diffusion through
grain boundary migration in lateral directions in order to reduce interface and surface
energy. The film is composed of columns penetrating from the bottom to the top of the
film, whereby grain boundaries are nearly perpendicular to the film plane. This zone
is characteristic for high substrate temperatures (T/Tm > 0.4). Zone III structures
are characterized by equiaxed (globular) grains indicating that the crystal growth has
been blocked periodically. This kind of structure is generally attributed to the high
temperature range. However, as will be shown below, the development of this film
morphology can be based on the presence of inhibitors and can exist at every substrate
temperature with different grain sizes [81].
It is generally agreed that surface and bulk diffusion are the most determinant
atomic processes of the structure evolution. However, there might be other significant
influences. Co-deposition of active impurities such as water vapor, hydrocarbons and
oxygen, is hardly avoidable. These unintentionally incorporated atmospheric contami-
nants may modify the conventional film structures even at very low concentrations and
lead to the development of peculiar structural features [81]. It should be noted that
the intentional co-deposition of dopants beyond their solubility limit or alloying ele-
ments above the required stoichiometry have similar effects on the structure evolution
as active impurities. Besides, these additives may enhance the thermal and process
stability of thin films [78].
Following this, extended SZMs have to consider the process-induced segregation of
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Figure 2.11: TEM images with corresponding schematic diagrams showing the microstructure
of Al films deposited by thermal evaporation on amorphous SiO2 at room temperature as a
function of incident O and Al flux ratio JO/JAl [78, 81].
co-deposited impurity (additive) species, with the aim to represent the temperature
dependent structures at various levels of impurity concentrations [81]. Figure 2.11 il-
lustrates the changes of the structure and orientation of oxygen containing aluminum
films deposited at room temperature, which corresponds to zone II in the basic SZM,
as a function of increasing oxygen concentration. Oxygen exhibits a low solubility in
Al and segregates to surfaces and grain boundaries which greatly reduces the surface
mobility of Al atoms and also the grain boundary mobility. At very low oxygen con-
centration (figure 2.11 (a)) the grain growth in the coalescence stage is not limited
remarkably and the zone II columnar structure develops. The width of columns de-
creases with increasing oxygen concentration due to its segregation to grain boundaries
(figure 2.11 (b)). The resulting texture is still zone II, but with less degree of preferred
orientation of the grains. At higher oxygen concentrations (figure 2.11 (c)), the grain
growth is limited already at the coalescence stage and the zone T competitive grain
structure develops [78, 81]. When the oxygen concentration further increases, the epi-
taxial growth of individual crystals is periodically interrupted by the formation of an
oxygen layer which completely covers the crystal surface. The formation of a surface
covering layer, sometimes referred to as covering growth, causes repeated nucleation
[89]. The composite film is composed of three dimensional equiaxed (globular) grains
with random orientation separated by an amorphous aluminum oxide tissue phase ac-
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Figure 2.12: Plan-view and cross-sectional SEM images of phase separated Al-Si films pre-
pared at deposition rates of 5.5 ((a) and (d)), 2.7 ((b) and (e)), and 1.0 nm/s ((c) and (f))
[92].
cording to zone III (figure 2.11 (d)). As the oxygen concentration is further increased
above the Al concentration (JO/JAl >1-5), the role of oxide and metal phases is re-
versed and the film is composed of metallic grains dispersed in an oxide matrix. At even
higher oxygen concentrations amorphous aluminum oxide films are formed. Besides,
additives or impurities can not only inhibit but also promote the structure evolution
during physical vapor deposition [78]. For example, the addition of Sn to Al promotes
the formation of larger grains [90] in contrast to O and Pt [91] which decrease the
initial grain size. This presents new possibilities for the controlled formation of micro-
and nanostructures [81].
From the above explanations it follows that the morphology of binary films is sig-
nificantly more complex than for single component films. In systems with limited solid
solubility of the film components A and B phase separation can occur. Phase diagrams
of binary systems which induce a phase separation are of the eutectic and peritectic
type. Surface diffusion of the different atomic species occurring during the deposi-
tion process is responsible for the phase separation into dispersed phase and matrix
[93]. The interplay of surface diffusion and growth rate influences the film morphology
[92, 93]. The former feature is associated with the fact that activation energies for
surface diffusion are typically by at least a factor of two smaller than those for bulk
diffusion [93] and the deposition is most often performed at low temperatures (relative
to the melting point of the compound). Besides, adatom mobilities depend in addition
to the substrate temperature on the type of diffusing atoms and differ over surfaces
of different phases [2]. On the other hand, the externally imposed deposition rate
causes that the surface is constantly buried and incorporated into the bulk. Figures
2.12 (a)-(f) show plan-view and cross-sectional scanning electron microscopy (SEM)
images of Al-Si films prepared at different deposition rates. In these SEM images, the
bright parts indicate Al-rich columnar structures and the dark areas are amorphous Si
matrixes including a small amount of Al. The images clearly show that the grain size,
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Figure 2.13: (a) Plan-view HRTEM image of a C:Fe film grown at 300◦C. Iron-rich particles
are encapsulated by graphite-like carbon layers [23]. (b) Cross-sectional TEM image of a
C:Co film grown at 400◦C [25].
shape, and elongation are influenced by the surface diffusion length. The observations
are consistent with a three-dimensional simulation of phase separation in binary thin
films using a modified Cahn-Hilliard equation [92, 94, 95]. Numerous simulation stud-
ies on the morphology during thin film growth of phase separated systems have been
performed to understand the growth mechanism and it has been shown that different
nanoscale compositional patterns can be formed which are controlled by the deposition
conditions and film compositions [92–94, 96, 97].
2.6 Carbon:transition metal nanocomposites
The granular morphology of carbon:transition metal nanocomposite films is generally
obtained via co-deposition of carbon and a TM, which are either nonmiscible or ex-
hibit a limited mutual solid solubility. Ion beam sputtering [4, 10, 20, 22], magnetron
sputtering [5, 17, 18, 25], pulsed filtered cathodic vacuum arc deposition [6, 9], pulsed
laser deposition [16, 27], and plasma-assisted chemical vapor deposition [28–31] have
been reported to be able in producing such encapsulated structures. Surface diffusion
assisted phase separation which occurs during thin film growth of the two components
with limited miscibility results in the formation of metallic or carbidic nanoparticles
dispersed in the carbon matrix (figure 2.13). A large variety of C:TM nanocompos-
ites has been synthesized employing transition metals which exhibit a different chem-
ical affinity to carbon. Some of them form very stable carbides (e.g. Ti, V, W, Zr)
[15, 16, 27, 32, 98–100], while others are practically immiscible with carbon (e.g. Ag,
Cu) [10, 14, 23, 24]. Weak carbides formers (e.g. Fe, Co, Ni) exhibit a moderate but
nevertheless considerable affinity to carbon which results in the formation of metastable
carbides [20, 22, 25, 101, 102]. In dependence of the deposition conditions, the shape of
nanoparticles can vary between nanocolumns with a height similar to the film thickness
[103, 104], elongated [10, 17, 18, 20, 25, 32] and globular particles [17, 18]. The embed-
ding carbon matrix can be amorphous [6, 16, 18, 23], graphite-like with graphene layers
curved into a cylindrical shape encapsulating nanocolumns or elongated nanoparticles
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[6, 10, 18, 20, 23, 25], and fullerene-like (FL) with a spherical-like curvature encapsu-
lating globular nanoparticles [17, 18]. The following subsections give a brief literature
overview on the structural investigations of C:V, C:Co and C:Cu nanocomposite films
which will be studied in this work.
2.6.1 C:V nanocomposite films
Although there is a growing interest in the use of hard transition metal carbides and
nitrides as functional coatings [105, 106], very few studies exist about the structural
characterization of films and coatings in the vanadium-carbon system. In 1992, the
microstructure of thick (8-10 µm) V-C coatings deposited by reactive dc magnetron
sputtering of a vanadium carbide target in an Ar-C2H2 mixture has been investigated
[99]. The carbon concentration in the films was adjusted by the acetylene gas flow
ranging from 47-73 at.%. The substrate temperature was about 300◦C at the beginning
of the deposition and decreased exponentially to ∼180◦C at the end of the deposition.
X-ray diffraction and selected area electron diffraction revealed that the nanoparticles
are of the vanadium carbide fcc phase. Cross-sectional dark-field TEM imaging showed
the presence of elongated grains for the films with a low carbon content (∼50 at.%)
while with increasing carbon concentration the grain size decreased and the shape
changed to a globular structure. Recently, Aouni et al. [98] investigated the structure
of C:V films over a wide range of carbon concentration between 1 and 69 at.%. The
films were deposited at RT by reactive dc magnetron sputtering of a vanadium target
in an Ar-CH4 mixture. XRD measurements showed that the structure of the dispersed
phase strongly depends on the carbon content. Up to 17 at.% carbon, the films are
composed of the bcc vanadium solid solution supersaturated with carbon, and for
carbon concentrations above 32 at.% the fcc VC structure is present. In between these
values the β-V2C phase is present. The studies by the above presented groups only
addressed the characterization of the dispersed phase, while no investigation on the
carbon phase has been done.
Recently, the influence of vanadium on the carbon bonding structure in C:V com-
posites during thin film growth and subsequent annealing was investigated by Raman
spectroscopy [100]. The films were deposited at RT by dual magnetron sputtering con-
taining between 1.5 and 19 at.% V. The samples were postannealed at temperatures
in the range of 700-1300 K. The study showed that the addition of the metal during
film growth enhances the formation of sixfold ring (graphitic) clusters in comparison
to pure carbon films, while postannealing results in carbide crystallite formation and
growth which destroys the initial carbon structure and reduces the aromatic cluster
size.
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2.6.2 C:Co nanocomposite films
In 1994 Konno and Sinclair provided a detailed description of the structural evolu-
tion of annealed C:Co films prepared by magnetron sputtering at RT describing the
crystallization behavior of amorphous Co-C alloys by in situ transmission electron mi-
croscopy and differential scanning calorimetry [33]. The films had a carbon content
between 5 and 95 at.% and were annealed up to 500◦C. For the films containing less
than 40 at.% carbon metastable cobalt carbide was formed by annealing at 250-350◦C.
Upon further annealing at 380-420◦C the carbide phase decomposed into hcp cobalt
and graphite-like carbon. For alloys with more than 40 at.% carbon the carbon phase
remained amorphous.
Two years later Hayashi et al. reported about the structure of C:Co composites
grown by ion beam sputtering at 200◦C with carbon concentrations of 40-60 at.% which
were subsequently annealed at temperatures between 250 and 350◦C [4]. The as-grown
films exhibit an amorphous structure while annealing resulted in the transformation
into crystalline cobalt particles encapsulated in graphite-like carbon as shown by TEM.
Stimulated by this work many investigations on C:Co composites were based on the
structural characterization employing XRD and TEM, and their magnetic properties in
order to establish structure-property relationship. Delaunay et al. studied the structure
of C:Co films prepared by ion beam sputtering at elevated substrate temperatures
(100-300◦C) with carbon contents of 27-57 at.% and by postdeposition annealing at
300-400◦C [22, 107]. For the films with 57 at.% carbon grown at 200◦C metallic cobalt
grains embedded in graphite-like carbon were obtained. For the films with lower carbon
content the matrix was amorphous. Postdeposition annealing above 300◦C also resulted
in the formation of graphite-like carbon encapsulating the metallic nanoparticles in
these films. Besides, the MS II phase which is composed of an orthorhombic cobalt
carbide and hcp Co phase was found in the films with low carbon content (≤ 36 at.%)
grown at 100 and 200◦C. The metastable cobalt carbide decomposed upon annealing
into hcp Co and graphite-like carbon.
The formation of metastable cobalt carbide has also been reported by annealing
amorphous Co-C alloys grown at RT by magnetron sputtering [5] or pulsed filtered
vacuum arc deposition [6, 101, 108] at annealing temperatures (dependent on com-
position) between 250 and 350◦C as shown by XRD or TEM. The Co concentration
was in the range of 44-80 at.%. Upon further annealing between 350 and 400◦C the
metastable carbide phase decomposed into hcp Co and graphite-like carbon. Mi et al.
also investigated the structural modification of C:Co films grown by magnetron sput-
tering at RT with Co contents of 30-40 at.% [26]. Annealing at 300-450◦C caused the
crystallization of amorphous cobalt, the increase in grain size and the graphitization of
the carbon matrix. The coexistence of hcp and fcc Co at 450◦C which is higher than
the phase transformation point of 425◦C is reported. In contrast, for C:Co films with
a Co concentration between 18 and 39 at.% grown by pulsed filtered vacuum arc the
carbon phase remained amorphous after annealing at 400◦C [9].
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Konno and Sinclair [25] investigated the structure of C:Co films grown by magnetron
sputtering at temperatures in the range of 200-400◦C with carbon contents of 38-62
at.%. TEM analysis showed that the grain size depends on the substrate temperature
and film composition. Up to 300◦C the films are composed of amorphous cobalt carbide
and graphite-like carbon while at higher temperatures metallic Co is present. Besides,
cross-sectional TEM imaging revealed the columnar structure of the grains and their
three dimensional separation by graphite-like carbon layers (figure 2.13 (b)).
In Ref. [104] the microstructural evolution of Co nanoparticles encapsulated in a
diamond-like carbon matrix synthesized at RT by plasma-assisted magnetron sputter-
ing in an Ar/CH4 gas mixture is reported. A bias voltage of -500 V was applied during
the deposition and the Co content in films was 35-78 at.%. With increasing Co con-
tent the nanostructure develops from slightly elongated nanoparticles to self-assembled
nanorods with a height equal to the film thickness as shown by cross-sectional TEM.
The Co grains exhibit an amorphous-like structure. During annealing by electron beam
radiation the Co grain structure was transformed to a crystalline structure (-Co) and
also the amorphous DLC matrix transformed to graphite-like carbon [109].
Raman spectroscopy has been employed to study the structural modification of the
carbon matrix in annealed C:Co composites grown at RT by pulsed filtered vacuum
arc deposition [6, 9]. The Co content in the films was between 18 and 70 at.% and
annealing was carried out at temperatures up to 500◦C. It has been shown that for Co-
rich films (60-70 at.% Co) carbon graphitization occurs at lower annealing temperatures
of around 400◦C. The observed tendency is similar to the crystallization behavior of
amorphous carbon in a-C/Co/a-C trilayer thin films upon annealing [110]. The films
were prepared by dc magnetron sputtering at RT with a Co layer thickness of 7-21 nm
and a C layer thickness of 65 nm, respectively. In situ and ex situ TEM showed that
a-C in contact with cobalt transforms into polycrystalline graphite upon heating above
500◦C, which was further confirmed by Raman spectroscopy. Differential scanning
calorimetry revealed that the graphitization occurred at lower annealing temperatures
for the films with the thicker Co interlayer.
2.6.3 C:Cu nanocomposite films
Cabioc’h et al. published in 1999 a detailed study on the microstructure of C:Cu thin
films [24]. The films were grown by ion beam sputtering at substrate temperatures
in the range of -200-600◦C with atomic carbon concentrations varying from 16 to 96
%. TEM observations revealed the presence of copper nanoparticles homogeneously
distributed in the carbon matrix. The formation of graphene layers encapsulating the
copper precipitates occurred for the films grown at RT if the Cu content was above 55
at.% and for all the films synthesized at 300◦C independently of the Cu concentration
which demonstrated the strong catalytic effect of copper on low temperature graphitzi-
ation of carbon during the deposition. The nanoparticles exhibit an elongated shape in
the direction of the thin film growth as shown by grazing incidence small angle X-ray
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scattering (GISAXS).
Many studies were based on the structural characterization of copper/hydrogenated
amorphous carbon composite films grown by a hybrid technique combining microwave
plasma-assisted chemical vapor deposition from methane-argon or acetylene-argon gas
mixtures [28–31]. The carbon content in the films was varied in the range of 20-75
at.% for the former gas mixture and between 7.5 and 99 at.% for the latter. X-ray
diffraction revealed the presence of fcc Cu phase as well as a decrease in the copper
grain size with increasing carbon content in the films. Besides, the microstructure of
copper crystallites is also dependent on the hydrocarbon gas precursor as determined
by GISAXS measurements [28]. Raman spectroscopy revealed that the size of graphitic
carbon clusters depends on the carbon content in the films and the gas precursor [111].
Recently, the structure of a-C/Cu composite films deposited by dc magnetron sput-
tering has been investigated [112]. The films were grown in the temperature range of
RT-500◦C, with Cu contents of 20 and 55 at.%, applying different substrate bias from
floating potential to -200 V. XRD measurements revealed an increase in the size of Cu
crystallites with Cu content in the films and negative substrate bias voltage.
Onoprienko et al. [113] reported in a recent study that C:Cu films deposited by dc
magnetron sputtering at RT with a Cu content of 8 at.% are amorphous with copper
atoms uniformly distributed over the film volume. Postdeposition annealing at 600◦C
resulted in the precipitation of copper particles within the film and the increase in grain
size with annealing time due to coalescence. The coalescence occurred by the mixed
mechanism of bulk and surface diffusion of Cu.
3 Film deposition and annealing
3.1 Ion beam sputter deposition
Ion beam sputtering (IBS) was used for the deposition of carbon:transition metal
(C:TM) nanocomposite thin films. Despite of its simplicity this technique provides
a high and independent control over the synthesis parameters ion type, ion flux and
energy as well as substrate temperature. Thus, it is suitable for fundamental research,
but suffers from a low film growth rate. For the sputtering process a Kaufman-type
ion beam source [114–116], which is shown in figure 3.1, was used. This source consists
of a plasma ignited in a closed volume. The plasma is sustained by a dc discharge. On
one side of the closed volume are two grids, a screen grid and an accelerator grid. The
inner grid is on cathode potential. Therefore the ions are extracted from the source
and accelerated. The second grid, which is on a negative potential, further accelerates
the ions and is responsible for the formation of a broad beam with a low divergence.
Figure 3.2 shows the potential shape inside and outside the source. The plasma inside
the source is close to anode potential. Because of the positive bias of the source, the
ions have energy with respect to ground, and thus can be used to sputter targets which
are either grounded or on floating potential. In the latter case, an electron-emitting
filament called neutralizer is used to limit the charge buildup at the target.
Figure 3.1: Kaufman broad-beam ion source: (a) anode, (b) screen grid, (c) cathode, (d)
accelerator grid, (e) neutralizer [114].
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Figure 3.2: Potential shape V(x) inside and outside the source [114]. x-direction corresponds
to axial direction. VT total voltage, VB beam voltage.
3.2 Experimental set up
The deposition chamber that was used in this work is schematically shown in figure
3.3. A 3 cm Kaufman-type ion source as described above generates an Ar ion beam
which is directed toward a 6 inch (or 4 inch) pyrolitic graphite target (99.99% purity)
at a distance of ∼18 cm. The ions impinged at an angle of 23◦ with respect to the
target normal. A metal stripe made of vanadium (99.9% purity), cobalt (99.9% pu-
rity) or copper (99.99% purity) is attached on the graphite target with a length slightly
exceeding the target diameter. In this way, carbon and the metal are sputtered simul-
taneously. The metal content in the growing film was adjusted by the width of the
stripe. The Co atomic ratio in the films is found to be ∼15, ∼30, and ∼40 at.% for
the depositions performed with Co stripe widths of 2.8, 4, and 5.5 mm on the graphite
target, respectively. These approximate TM atomic fraction will be used in the fol-
lowing for the denotation of the samples. For Cu, a stripe width of 1.4 and 3.3 mm
results in a TM content of ∼15 and ∼30 at.%. Similar metal contents are obtained
for V employing a stripe width of 2.3 and 7.3 mm, respectively. The VC reference
films were grown using a V stripe 14.6 mm in width. The deposition chamber was
evacuated by a turbo-molecular pump to a base pressure below 4x10−5 Pa, except for
C and VC films (p=6-9x10−5 Pa). Prior to the experiments, the chamber walls and
the substrate holder were heated for at least 3 hours in order to promote the removal
of weakly bonded adsorption layers (water vapor, hydrocarbons and oxygen). The
chamber walls were heated to approximately 80◦C by employing a heating cable which
was wound around the chamber. The substrate holder was warmed-up to 400◦C in
order to enhance the desorption of atmospheric contaminants from the water-cooled
surface. The argon feed gas (99.999999 % purity) was introduced through a mass flow
controller and the argon flux was adjusted in order to achieve a gas pressure during
sputter deposition of ∼7.5x10−3 Pa. The total ion beam sputtering current and energy
were kept constant at 40±1 mA and 1 keV, respectively. The substrates were located
on a substrate holder facing the target at a distance of ∼14 cm and were heated with
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Figure 3.3: Schematic view of the ion beam sputtering deposition system.
a boron nitride heater placed on the backside of the substrate holder. The substrate
temperature (Ts) was monitored by a thermocouple, which was in contact with the
substrate holder having a similar temperature as the substrate. Before each deposi-
tion, the target was pre-sputtered for 15 min. A shutter, placed in front of the sample,
was then removed without interruption of the sputtering process and the depositions
were performed for 60 min, resulting in a film thickness of ∼100 nm. The films were
grown on the substrate in a temperature range of RT-500◦C. It should be noted that
for the thin films grown without additional heating the sample temperature increased
slowly during the experiments and reached a value of ∼45◦C at the end of the deposi-
tion process. In the following, these samples will be denoted for simplicity reasons as
grown at RT. For comparative analysis, a series of samples was deposited at identical
conditions but without the metal stripe on the graphite target, termed carbon refer-
ence films in the following text. C and C:TM films were deposited on thermally grown
SiO2 (∼500 nm) on Si substrates, in order to avoid metal loss due to inward diffusion
at higher temperatures (>200◦C) [117]. For TEM observations, predominantly thinner
films were grown with a thickness between 20 and 50 nm.
For annealing experiments C and C:TM films were deposited at a substrate tem-
perature of 200◦C. Post-deposition annealing of the samples in the temperature range
of 300-700◦C was performed with a boron nitride heater in a vacuum furnace with a
base pressure below 4x10−4 Pa and a pressure during annealing of less than 2x10−3 Pa.
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The desired annealing temperature (Ta) was reached in less than 5 min and then kept
constant for 60 min. The temperature was controlled with a thermocouple, which was
in contact with the sample holder.
4 Film characterization
In order to obtain a closer understanding of the nanostructural evolution during the
growth of C:TM films and the structural changes upon post-deposition annealing, it is
required to combine techniques which are capable to characterize both constituents of
the nanocomposite - dispersed phase and the matrix. The complementary analysis of
both phases demands the use of a set of analysis techniques. The dispersed phase was
investigated by X-ray diffraction (XRD) and transmission electron microscopy (TEM)
in combination with selected area electron diffraction (SAED). The carbon matrix was
studied employing TEM and Raman spectroscopy. The film composition and depth
profiles were obtained by elastic recoil detection analysis (ERDA).
4.1 Elastic recoil detection analysis
The carbon and transition metal contents of the C:TM films, the contamination by
the light elements H, N and O, and the depth profiles of the atomic ratio of the film
constituents were determined by elastic recoil detection analysis. ERDA is based on
the detection of atoms that are elastically scattered out of the thin film exposed to an
ion beam. The measurements were performed with 35 MeV Cl7+ ions impinging at
an angle of 15◦ relative to the film surface. The elastically recoiled target atoms were
detected with a Bragg ionization chamber placed at a scattering angle of 31◦. The Bragg
detector allows to identify the atomic number Z and the energy of the recoils, the latter
being related to its escape depth. The error of measurement is ∼1 at.% for elemental
concentrations above 10 at.% and approximately 10% for lower concentrations. The
depth resolution is 10-15 nm for heavy elements and 15-20 nm for light elements such as
C, N and O. Hydrogen was detected with a separate standard Si solid barrier detector
(Canberra) at a scattering angle of 38◦. In this case, an aluminum foil was employed
to stop heavier recoils and backscattered Cl7+ ions. The depth resolution for H is
about 80 nm. Therefore the profile seems to extend above the surface and changes
only gradually. Quantitative concentration spectra as a function of the depth profiles
are achieved by fitting the measured spectra with a layer model using the software
NDF. Details of the experimental set up and analysis of the elemental depth profiles
are given in [118, 119].
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4.2 X-ray diffraction
The crystalline structure of the nanoparticles was investigated by X-ray diffraction.
During X-ray diffraction the X-rays impinge on a set of atomic planes with distance d
at an angle Θ with them. The X-rays are diffracted on the atomic planes and interfere
with each other. Constructive interference will occur, when the scattering waves come
out in phase. This will happen if the phase shift between two adjacent beams is nλ.
From the position of diffraction peaks in the XRD patterns the lattice distances can
be calculated according to Bragg’s law [120]:
nλ = 2dsinΘ, (4.1)
where n is the order of a diffraction.
From the full width at half maximum (FWHM) B of diffraction peaks the crystallite
size t can be estimated employing the Scherrer equation [121]:
t =
Kλ
B cosΘ
, (4.2)
where B is measured in radian (rad). Note that whether a value of K = 0.9 or 1 is used
depends on the shape(s) of the crystallites assumed to be in the sample. The additional
broadening in diffraction peaks beyond the inherent peak widths due to instrumental
effects has to be considered. A second cause of broadening due to stress in the films
can complicate the estimation of the crystallite size [120].
A most common technique for analyzing thin films is grazing incidence diffraction
(GID), also referred to as grazing incidence angle asymmetric Bragg (GIAB) geometry
[122–124]. Figure 4.1 compares the grazing incidence angle geometry used for thin films
with the more common Θ/2Θ or Bragg-Brentano geometry used for bulk analysis. In
the conventional symmetric Bragg-Brentano geometry, a parafocusing arrangement is
used where the X-ray source and the detector are at the focal points of the incident and
diffracted beams, respectively. On the other hand, the thin film arrangement exhibits
an asymmetric geometry. The incident and diffracted beams are made nearly parallel
by means of a narrow slit on the incident beam and a long Soller collimator on the
Figure 4.1: Geometries for (a) bulk and (b) thin films analysis [122].
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detector side. As the source and the specimen remain fixed during the measurement,
the probed area on the sample surface and the penetration depth of the X-ray beam
into the specimen are not changed. The incident glancing angle is close to the critical
angle for total reflection, which increases the path length of the X-ray beam through
the film and decreases the penetration depth in the specimen. This helps to increase the
diffracted intensity, while at the same time the diffracted intensity from the substrate is
reduced. With regard to the penetration depth, the GID geometry is approximately two
orders of magnitude more surface sensitive than the standard Θ/2Θ geometry, although
it should be remembered that this occurs together with a significant loss in intensity,
because of the restricted dimensions of the incident beam, the lower penetration depth
and the non-focusing geometry [122].
It should be remarked that the crystallite size obtained employing the Scherrer
formula is measured in the direction of the scattering vector. For the Bragg-Brentano
geometry the scattering vector is always perpendicular to the sample surface, while
for GID it changes with the detector position. This is important in case of elongated
crystallites.
The phase structure of the nanoparticles in C:TM thin films was analyzed employing
a D5000 (Bruker-AXS) diffractometer with Cu-Kα radiation (λ=0.15406 nm) in grazing
incidence geometry. The incident angle was 1◦ and patterns were measured in the range
of 2Θ from 30 to 100◦ in steps of 0.1◦.
4.3 Transmission electron microscopy
The morphology of the C:TM films was investigated by cross-section (cs) and plan-view
(pv) transmission electron microscopy (TEM) and high resolution transmission electron
microscopy (HRTEM). The combination of pv- and cs-TEM enables the determination
of the three-dimensional (3D) size, shape and distribution of the nanoparticles in the
carbon matrix.
TEM is based on the absorption and scattering of transmitted electrons. The high
resolution in TEM methods is a result of the small wavelengths of the electrons, e.g.
electrons of 300 keV energy have a wavelength of 0.022 A˚. Figure 4.2 shows the principle
construction of a TEM and illustrates the differences between bright-field (BF) and
dark-field imaging (DF). An electron gun emits electrons, which are projected onto
the specimen by electromagnetic lenses. When penetrating through the specimen, the
electrons are elastically and inelastically scattered. The former gives rise to diffraction
patterns. The transmitted electrons pass through a series of postspecimen lenses. The
electron beam is magnified by projection lenses and imaged on a detector. As can
be seen from figure 4.2, BF-imaging excludes all diffracted beams and only the direct
beam is magnified and imaged. This is achieved by placing a suitable sized aperture
in the back focal plane of the objective lens. On the other hand, during DF-imaging
one of the diffracted beams is chosen by means of an aperture which blocks the direct
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Figure 4.2: Measurement principle of transmission electron microscopes for bright-field (BF)
and dark-field (DF) imaging [2].
and the other diffracted beams.
For (HR)TEM imaging a JEOL 3010 300 kV microscope and a FEI Titan 300
kV microscope were used, respectively. In addition, selected area electron diffraction
(SAED) patterns were recorded which yield information on the nanoparticle phase and
the degree of crystallinity of the matrix and the nanoparticles. Spotted arrays indicate
crystalline material, while the presence of diffraction rings of varying sharpness and
width indicate about polycrystalline and amorphous materials [2]. In preparation for
cs-TEM images two 5 x 5 mm2 pieces of the sample were glued with the film face
together. This sandwich structure is first mechanically thinned and finally sputtered
with Ar ions of 1 keV at an angle of incidence of 2◦ (ion milling). For pv-TEM images
the sample is thinned from the backside by stepwise removing the substrate with the
procedure described above.
4.4 Raman spectroscopy
4.4.1 Principle of Raman spectroscopy
Raman spectroscopy is a spectroscopic technique used in condensed matter physics and
chemistry to study vibrational, rotational and other low-frequency modes of a molecule
or solid [125]. It can be described as the inelastic scattering of light by matter, whereby
the light is monochromatic and usually comes from a laser in the visible, near infrared
or near ultraviolet range. When a photon interacts with a molecule it can be elastically
or inelastically scattered. In both cases the molecule will be excited into a virtual state.
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If elastic scattering occurs the molecule relaxes back into its ground state by emitting a
photon with the same energy as the incoming photon. This type of scattering is known
as Rayleigh-scattering. In the case of inelastic scattering the photon gives energy to or
removes energy from the molecule. Photons, which undergo inelastic loss of energy give
rise to Stokes scattering whilst photons undergoing inelastic gain of energy give rise to
anti-Stokes scattering. The energy gained by the molecule in Stokes scattering appears
as vibrational energy and where a molecule exhibits excess vibrational energy above
the ground state, it is this energy which is lost to the anti-Stokes scattered photons
[125]. Generally, the difference in energy is recorded as the difference in wave number
between the incoming and the scattered light, which is known as the Raman shift.
Raman spectroscopy is based on the change in polarizability of a molecule or crystal
by a phonon [126]. When a molecule is placed in an electric field, its electrons are dis-
placed relative to its nuclei and thus develop an electric dipole moment. A fluctuating
electric field will induce a fluctuating dipole, which will emit or scatter radiation of the
same frequency. As long as the polarizability is constant with time an incoming electro-
magnetic wave will propagate straight according to the Huygens principle and elastic
scattering occurs [126]. This is no longer the case, if the polarizability is modulated
by a vibrational induced change of the inter-atomic distance. In this case the light will
be scattered with frequencies ν0 (Rayleigh scattering) and ν0± νv (Raman scattering),
where ν0 is the frequency of the electromagnetic radiation and νv is the modulation
frequency. In a solid the incoming photon excites an electron from the valence to the
conduction band which will undergo some scattering processes before recombining with
the hole in the valence band under emission of the scattered photon. If a one-phonon
scattering event occurs, it is called a first-order Raman process [127]. The scattering
by two phonons with the same frequency or with different frequencies, which are called
overtone or combination Raman modes, and the scattering by a phonon and a defect
is referred to as a second-order Raman process [127]. For a Raman process energy and
momentum conservation are valid. As ki, the electronic wave vector of the incident
light, is in the visible range of the magnitude 105 cm−1, the momentum of the light
is small when compared with the first Brillouin zone (BZ) [126, 128]. This means the
photo-excited electron has to go back to its original k state to recombine with the
hole [127]. Due to this restriction only a q≈0 phonon wave vector can be observed
in the first-order Raman process, which means a phonon from the center of the BZ.
In the second-order process two scattering events with phonon wave vectors q and -q
occur. Non-zone center phonon modes (q 6= 0) can therefore be observed in the second
order Raman spectra. The Raman effect is an inherently weak effect, typically 10−8
of the intensity of the incident laser light [125]. However, if either the excited or the
scattered electron is in a real electronic state, the scattered intensity is increased by
several orders of magnitude in comparison to conventional Raman spectroscopy [126].
This is know as resonant Raman spectroscopy. In a real electronic state, which is also
called an eigenstate, the electrons exhibit a much longer life time than in a virtual
state. Accordingly, the Raman cross section and for this reason the scattered intensity
is increased [128]. In this work, the Raman spectra were taken under the resonance
condition. In the following, resonant Raman spectroscopy will be denoted for simplicity
reasons as Raman spectroscopy.
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4.4.2 Raman spectroscopy of carbon
Raman spectra are sensitive to the chemical structure and long range order of car-
bon materials. The Raman spectra of all carbons show several common features in
the 800-2100 cm−1 region, the so-called G (graphite) and D (disorder-induced) peaks.
According to the fundamental selection rule q≈0 [56] only phonon wave vectors from
the center (Γ-point) of the BZ are allowed in single crystals. This gives rise to the G
mode, situated in the wavenumber range of 1500-1630 cm−1. The G peak is due to the
in-plane bond stretching vibrations of all pairs of sp2 carbon atoms in both ring and
chain structures [56]. The D peak around 1350 cm−1 is due to the breathing modes of
sp2 carbon atoms in sixfold aromatic rings [56]. For a finite size of the crystallites the
fundamental selection rule is relaxed and non-zone center phonons contribute to the
Raman spectra. The D peak arises as resonant Raman coupling by a strong enhance-
ment of the Raman cross section of the phonon wave vector q, when it equals the wave
vector k of the electronic transition excited by the incident photon. This is known
as the quasi selection rule k=q [56] involving phonons from the boundary of the BZ
around the K point where the band gap equals the photon energy. The origin of the
D peak has been successfully explained by a so-called ’molecular’ approach [129, 130]
and a solid-state double resonance approach [128, 131]. The former one is based on the
lattice dynamics of small aromatic clusters and their Raman spectra. Double resonant
Raman scattering can be explained in the following way: The defect-induced Raman
process consists of four steps including excitation of an electron-hole pair, inelastic
scattering of the electron by a phonon, elastic scattering by a defect, and recombina-
tion of the excited electron and the hole by emitting the scattered photon [132]. The
second and third step can be interchanged. The process is double resonant if two of
the three intermediate states are real states and is therefore much stronger than single
resonances due to the large scattering cross-section. The solid-state approach addition-
ally explains the excitation-energy dependence of the D peak, the overtone spectrum
and the difference between Stokes and anti-Stokes scattering [128, 132]. The different
forms of carbon can be classified according to the D and G mode. In general, depend-
ing on the sp2 and the sp3 concentration, three classes of disordered and amorphous
carbons can be distinguished, namely nanocrystalline graphite (nc-graphite), amor-
phous carbon (a-C) and tetrahedral amorphous carbon (ta-C) [56]. With decreasing
sp2 content, the chemical bonding structure of carbon phases changes, which allows
the characterization of all three classes by their Raman spectra. The D peak is not
present in single crystalline graphite [133, 134] or in completely amorphous carbons
(ta-C) [42, 135]. For the former, the D peak is absent because the changes in bond
length and thus polarizability cancel over the infinite crystal [133], while in ta-C no
ring structures are present. The D mode becomes active in the presence of disorder
[56, 129, 130, 133, 136], which is related with a finite size of the crystallites. Its in-
tensity is determined by the concentration of defects and the probability of finding a
sixfold ring in the cluster [56, 133, 137]. Therefore, the D line is the fingerprint of
graphitic carbon structures.
A phenomenological spectra-structure relationship is provided by the three stage
model [42, 56] which is shown in figure 4.3 (a). The model starts form a perfect
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Figure 4.3: (a) Three-stage model of the variation of the Raman G position and the D to G
intensity ratio, I(D)/I(G), with increasing disorder for 514.5 nm excitation [56]. (b) Variation
of the sp2 configuration in the three amorphization stages [135, 138].
infinite graphite sheet and considers how the introduction of a series of defects, namely
bond-angle disorder, bond-length disorder and hybridization, which decrease the size
of graphitic clusters affect the peak parameters. As one passes from ordered graphite
to nanocrystalline graphite, amorphous carbon, and finally to sp3 bonded ta-C, the sp2
groups become smaller, then topologically disordered consisting of nonplanar rings, and
finally change from ring to chain configurations. This path is called the amorphization
trajectory [139] and consists of three stages from graphite to ta-C, as illustrated in
figure 4.3 (a) and (b). The carbon bonding structure in these stages is characterized
by the evolution of G peak position and ID/IG ratio. The Raman spectra depend on
(1) clustering of the sp2 phase,
(2) bond-length and bond-angle disorder,
(3) presence of sp2 rings or chains ,
(4) the sp2/ sp3 ratio.
Stage 1 corresponds to the reduction of the in-plane correlation length La within
an ordered graphite layer. The G peak position moves from 1581 cm−1 to ∼1600
cm−1 due to the appearance of a second peak, D’, at ∼1620 cm−1, which corresponds
to a maximum in the vibrational density of states (VDOS) of graphite [56]. The D
peak appears and increases in intensity as the grain size La decreases following the
Tuinstra-Koenig (TK) relation [133]:
La = 44× (ID/IG)−1 (4.3)
for the excitation laser wavelength of 515.5 nm. The TK relation is valid until the
cluster reaches a critical size of 20 A˚ [56].
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Figure 4.4: Fitted Raman spectra of a C:Co (∼30 at.%) composite film grown at 500◦C. The
fitting model uses a linear baseline, that is fixed at the measured points of lowest intensity,
a symmetric Lorentzian D line and an asymmetric BWF line for the G peak.
Stage 2 is the introduction of topological disorder in the graphite layer. The bonding
is still mainly sp2, but bond-angle and bond-bending disorder and the presence of non
sixfold rings result in weaker bonds that soften the vibrational modes. Thus, the G
peak decreases to ∼1510 cm−1. The TK relation is no longer valid and the ID/IG ratio
decreases with decreasing cluster size La according to [56]:
La = [(ID/IG)/0.0055]
1
2 . (4.4)
and is proportional to the number of ordered aromatic rings.
Stage 3 is the conversion of sp2 sites to sp3 sites and the consequent change of sp2
configuration from rings to chains. As olefinic C=C bonds are shorter than aromatic
bonds, the G peak shifts upwards to ∼1570 cm−1. ID/IG=0 due to the absence of
aromatic rings.
In order to obtain a more quantitative understanding of the structural changes of the
films in dependence of metal type, metal content and growth temperature the Raman
spectra were fitted. There is no unique procedure in the literature used to fit the Raman
spectra of carbon-based films in the wave number region 850-2000 cm−1. Different
fitting procedures for the fitting of the D and G peaks are possible comprising simple
two Lorentzian [140, 141]or two Gaussians shapes [141–143], combination of Lorentzian
and Gaussian shapes [144], and Lorentzian (D mode) and Breit-Wigner-Fano (BWF)
(G mode) shapes [20, 56, 145]. In this work, the main criteria for the choice of the
fitting procedure was the capability to fit all the spectra (C and C:TM) with the same
type of functions. The combination of a linear background, a symmetric Lorentzian
line for the D peak and an asymmetric BWF line for the G peak was found to be a good
compromise between the fitting quality and the capability to fit all the Raman spectra.
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An example is shown in figure 4.4. The intensity I as a function of wavenumber k for
the BWF line shape is described by the following expression [56, 145]:
I(k) =
I0[1 + 2(k − k0)/qΓ]2
1 + [2(k − k0)/Γ]2 , (4.5)
with the intensity maximum Imax
Imax = I0 × [1 + 1/q2] (4.6)
positioned at [56]
kmax = k0 + Γ/2q, (4.7)
where I0, k0 and Γ are the peak intensity, peak position and full width at half maximum
(FWHM), respectively, and q−1 is the BWF coupling coefficient. In the limit q−1 → 0,
the Lorentzian line shape is recovered. In the following, the intensity maximum defined
by equation 4.6 will be used to denote the intensity of the G and D peaks, the position
defined by equation 4.7 as the G and D peak positions, the width of the G peak as
the parameter Γ in equation 4.5 and the width of the D peak as the FWHM. In the
implantation and annealing studies of graphite and glassy carbon [140, 145] the limit of
ΓG/q→0 has been identified as the point where in-plane graphene ordering is complete
and three-dimensional ordering begins. Following this ΓG/q (the coupling parameter)
can be used to quantify the in-plane graphitic order.
4.4.3 Raman spectroscopy set up
Visible Raman spectra were recorded on a LAB Ram HR 800 spectrometer (Jobin
Yvon, France) coupled to a BH2 microscope with a 50 fold magnifying objective (Olym-
pus, Germany) using the second harmonic of a Nd:YAG solid state laser at 532 nm for
excitation. The system was equipped with a 300 line/mm transmission grating and a
Peltier cooled CCD detector. The spot size was ∼9 µm2 and the laser power on the
sample was 2 mW, except for some annealed C:Cu films with a laser power of 0.2 mW,
giving ∼0.2 and ∼0.02 mW/µm2. The spectral resolution was 3 cm−1. The scattered
light was collected in a 180◦ back scattering geometry. No sample degradation was
detected under the used conditions. For each sample, two spectra were recorded at
different positions of the sample, which were averaged to achieve better statistics. No
significant differences among the single spectra from the same sample were observed.
5 Results and discussion
In the following, the investigation of the structural evolution in carbon:transition metal
nanocomposite thin films during growth and the changes upon annealing is presented.
In the first part of this chapter the effects of growth temperature, metal type and
content on the phase structure and morphology of the dispersed phase, and on the
bonding structure of embedding carbon medium are reported in sections 5.1.1, 5.1.2,
5.1.3, and 5.1.4. Section 5.1.5 summarizes and discusses the results from sections
5.1.1-5.1.4. In the second part the modification of phases and morphology of the
nanocomposite as a result of annealing are presented and discussed in section 5.2.
5.1 Phase separation during film growth
5.1.1 Film composition and depth profiles
ERDA measurements at different locations of the samples show a uniform deposition in
terms of the total amount of deposited metal and carbon atoms per unit area. Typical
ERDA depth profile examples are presented in figure 5.1 (b)-(i) for the carbon and VC
reference films, and C:TM (TM=V, Co, Cu) nanocomposite films with metal contents
of ∼15 and ∼30 at.% grown at 300◦C. It should be noted that natural ERDA depth
units are 1015 atoms/cm2. From the profiles two regions can be identified consisting of
the deposited film followed by the SiO2 substrate as schematically shown in figure 5.1
(a). The apparent smeared elemental distribution near the film surface and the non-
sharp interface between the film and the SiO2 substrate are due to the finite ERDA
depth resolution. Moreover, the ERDA depth resolution decreases when the probing
depth increases which results in an apparently broader interface region in comparison
to the surface broadening and also a broader interface for thicker C:TM films in terms of
the film areal density. It can be seen that both major film constituents - carbon and TM
- are essentially homogeneously distributed over the film thickness. This is observed
for all TM containing films deposited in the temperature range of RT-500◦C, except for
C:Co (∼30 at.%) and C:Co (∼40 at.%) films grown at 500◦C (see figure 5.2 (b) and (c))
reflecting the thermodynamic tendency of the metal to segregate on the surface (see
section 5.2). C:Ni (∼30 at.%) films grown at 500◦C also show such a concentration
gradient [147]. No metal surface segregation at the highest growth temperature of
the study was observed for the other C:TM films, neither for the film with ∼15 at.%
Co (figure 5.2 (a)) nor for the composites containing Cu and V, respectively. At the
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Figure 5.1: (a) Schematic drawing of a sample consisting of film and SiO2/Si substrate.
ERDA depth profiles of C:Co (∼15 at.%) (b), C:Co (∼30 at.%) (c), carbon reference (d),
C:Cu (∼15 at.%) (e), C:Cu (∼30 at.%) (f), VC reference (g), C:V (∼15 at.%) (h) and C:V
(∼30 at.%) (i) films grown at 300◦C. The ERDA depth profiles of carbon reference, C:V (∼30
at.%), C:Co (∼15 at.%) and C:Cu (∼30 at.%) films are extracted from Ref. [146].
interface the C and TM atomic ratios decrease rapidly to zero, indicating that there
is no significant inward diffusion of C or TM into the substrate. This is observed for
films. The fluctuations in the ERDA depth profiles for light elements (C, O, N and Si)
are due to the measurement statistics, as the scattering cross-section scales with Z2,
where Z is the atomic number of the target atom.
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Figure 5.2: ERDA depth profiles of C:Co(∼15 at.%) (a), C:Co(∼30 at.%) (b), and C:Co(∼40
at.%) (c) films grown at 500◦C.
The total film areal density t or the total amount of atoms deposited per unit area
was calculated by integrating the atomic ratios of every film constituent over the film
depth and then summing all the integrals of each constituent. The atomic ratio of a
particular constituent was obtained by dividing the depth integral of the constituent
by t. The results of the film areal densities t, atomic ratios of major film constituents
and impurities of carbon reference and C:TM films grown at RT, 300 and 500◦C are
summarized in table 5.1. In addition, the values for the VC reference film grown at 300
and 500◦C are shown. The ratio of TM areal density, tTM , and the sum of carbon areal
density, tC , and TM areal density is also presented. The table shows that the amount of
impurities such as oxygen or hydrogen is low in comparison to carbon and TMs, except
for some samples deposited at RT. Their origin should be due to the presence of water
and hydrocarbons in the residual gas, which adsorb on the growing film and are trapped
by subsequently deposited atoms. Adsorbed water and hydrocarbons on the water-
cooled substrate holder and their desorption during sputtering and implementation
in the growing film might explain the maximum hydrogen and oxygen content in the
films deposited at RT. For oxygen, a low intensity peak can be identified near the
surface for the metal containing films which most probably is related to the oxidation
of metal species after exposure of the film surface to the air. The oxygen surface peak is
more pronounced for C:V composites and VC reference films than for the other C:TM
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Table 5.1: Film areal densities t, compositions and tTM/(tTM + tC) ratios of the carbon
reference, C:Co (∼15, ∼30 and ∼40 at.%), C:Cu (∼15 and ∼30 at.%), and C:V (∼15 and
∼30 at.%) films grown at RT, 300 and 500◦C. The values of VC reference films grown at 300
and 500◦C are additionally shown.
Film type Film areal density t Atomic ratio (at.%) tTM/(tTM + tC)
(1018 cm−2) C O H N Ar TM
C RT 0.95 93.7 0.6 5.0 0.4 0.3
C 300◦C 0.92 95.8 0.0 3.9 0.0 0.3
C 500◦C 0.89 95.4 0.0 4.6 0.0 0.0
VC reference 300◦C 1.18 43.9 2.1 0.7 0.5 0.0 52.8 0.55
VC reference 500◦C 1.12 44.3 2.2 0.4 0.0 0.0 53.1 0.55
C:Co (∼15 at.%) RT 1.14 73.9 3.6 5.7 0.5 0.0 16.3 0.18
C:Co (∼15 at.%) 300◦C 1.05 77.6 1.3 3.3 1.6 0.0 16.2 0.17
C:Co (∼15 at.%) 500◦C 1.07 79.3 1.1 2.3 0.0 0.0 17.3 0.18
C:Co (∼30 at.%) RT 0.91 62.9 1.4 1.6 0.0 0.0 34.1 0.35
C:Co (∼30 at.%) 300◦C 0.91 64.4 0.4 0.7 0.0 0.0 34.5 0.35
C:Co (∼30 at.%) 500◦C 0.90 63.2 0.9 0.8 0.0 0.0 35.1 0.36
C:Co (∼40 at.%) RT 0.86 58.6 0.2 1.3 0.0 0.0 39.9 0.41
C:Co (∼40 at.%) 300◦C 0.82 56.5 0.1 0.9 0.0 0.0 42.5 0.43
C:Co (∼40 at.%) 500◦C 0.92 59.3 0.1 0.9 0.0 0.0 39.7 0.40
C:Cu (∼15 at.%) RT 1.13 74.9 0.7 5.5 1.8 0.0 17.1 0.19
C:Cu (∼15 at.%) 300◦C 1.05 80.3 0.0 2.1 0.2 0.0 17.4 0.18
C:Cu (∼15 at.%) 500◦C 1.06 74.5 4.6 2.7 0.6 0.0 17.6 0.19
C:Cu (∼30 at.%) RT 0.97 70.3 1.5 4.4 1.0 0.0 22.8 0.25
C:Cu (∼30 at.%) 300◦C 1.03 69.3 0.0 3.4 0.4 0.0 26.9 0.28
C:Cu (∼30 at.%) 500◦C 1.07 65.0 2.8 2.9 0.3 0.0 29.0 0.31
C:V (∼15 at.%) RT 0.79 82.8 0.8 2.1 0.0 0.0 14.3 0.15
C:V (∼15 at.%) 300◦C 0.75 82.8 0.8 1.1 0.0 0.0 15.3 0.16
C:V (∼15 at.%) 500◦C 0.65 81.1 0.4 1.4 0.0 0.0 17.1 0.17
C:V (∼30 at.%) RT 0.99 64.6 4.9 6.2 1.1 0.0 23.2 0.26
C:V (∼30 at.%) 300◦C 1.06 69.2 1.5 2.6 0.5 0.0 26.2 0.27
C:V (∼30 at.%) 500◦C 1.11 70.2 1.9 1.9 1.0 0.0 25.0 0.26
films. Some Ar incorporation has been detected only for the carbon reference films,
originating from the sputter gas.
5.1.2 Dispersed phase: XRD investigations
C:Co films: Figure 5.3 (a)-(c) presents the X-ray patterns of C:Co composite films
with Co contents of ∼15, ∼30, and ∼40 at.% grown at substrate temperatures in the
range of RT-500◦C. It should be noted that these patterns and all further presented
XRD patterns are intermitted between 53◦ and 58◦ in order to blind out the (311)
reflection from underlying Si at 56◦ that is observed in some of the patterns. No lines
from the composite films are present in this angle range. For the C:Co (∼40 at.%)
film grown at 500◦C the coexistence of hcp and fcc Co can be clearly identified. At
41.7◦ a small diffraction peak is observed which can be assigned to the (100) reflection
from the hcp Co phase. Further diffraction peaks are observed at 44.4◦, 47.6◦, and
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∼51.5◦ corresponding to reflections from (002)hcp or (111)fcc, (101)hcp, and (200)fcc,
respectively. At higher diffraction angles further peaks are observed at ∼76◦, ∼92◦ and
∼98◦ corresponding to reflections from metallic Co. The coexistence of both metallic
Co phases is consistent with the observations in the literature [25]. In pure bulk Co
the phase transition hcp Co-fcc Co occurs at 421.5◦C [151]. The coexistence of hcp
and fcc Co at 500◦C in C:Co nanocomposite thin films shows that the temperature of
phase transformation is shifted to a higher value in the Co-C system in comparison
to pure bulk cobalt. When the deposition temperature decreases to 400◦C, the sharp
features in the XRD patterns disappear. The broad diffraction peak with the peak
maximum close to 45◦ is a result of the superposition of three peaks from the hcp
Co phase, namely the (100), (002) and (101) reflection. Further decrease in deposition
temperature leads to the broadening of this peak. Besides, the peak maximum is shifted
by ∼3◦ to lower diffraction angles when the temperature decreases from 400◦C to RT
which is attributed to a lattice parameter change. The broad peak below 400◦C might
be assigned to the metastable orthorhombic cobalt carbide (δ’-Co2C) phase [33] which
forms in the Co-C system at the conditions far away from thermodynamic equilibrium.
Also cobalt carbide and hcp Co might co-exist in the so-called MS (metastable) II
phase [22, 33]. Cobalt carbide becomes unstable at temperatures higher than about
300-420◦C [6, 22, 25, 33]. The main downward peak shift is observed between 400
and 300◦C most probably as a result of the formation of carbide phase. Besides, it
might be expected that the strong increase in peak width below 400◦C is in addition
to the formation of smaller grains due to the superposition of several reflections from
Figure 5.3: XRD patterns of C:Co (∼15 at.%) (a), C:Co (∼30 at.%) (b), and C:Co (∼40 at.%)
(c) composite thin films grown at different substrate temperatures. The symbols represent
the positions of the XRD peaks of Co2C, hcp and fcc Co [148, 149]. The dotted lines indicate
the peak positions of metallic Co. The XRD patterns of C:Co (∼30 at.%) films are extracted
from Ref. [150].
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Table 5.2: Saturation magnetization measured at 5k and estimated fraction of metallic Co in
C:Co (∼40 at.%) composite thin films grown at different substrate temperatures. The values
for the saturation magnetization for the samples grown at 200-500◦C are extracted from Ref.
[19].
T Magnetization Metallic Co
(◦C) (µB/Co) (%)
RT 0.18 11
100 0.29 17
200 0.35 21
300 0.55 32
400 1.15 68
500 1.29 76
the coexisting cobalt carbide and hcp Co phases. In addition, the overlapping of
the peaks and the temperature dependent ratio of carbidic and metallic phase might
result in an apparent shift of the overall features toward lower diffraction angles with
decreasing temperature. The above observations lead to the assumption that cobalt
carbide is the majority phase below 400◦C and hcp Co exists as the minor phase,
if existing at all. The presence of cobalt carbide at low temperatures has also been
reported in Refs. [6, 25]. Besides, X-ray absorption spectroscopic investigations on
C:Co films clearly identified a transition from carbidic to metallic Co when the growth
temperature increases from RT to 500◦C [146] which confirms the present tendencies.
Investigations of the magnetic properties of C:Co composite films by superconducting
quantum interference device (SQUID) magnetometry showed that cobalt carbide is
the major phase up to 300◦C, while above that temperature metallic Co becomes
the dominating phase [19]. A comparison of the saturation magnetization in C:Co
composite films with the value of fcc or hcp Co of around 1.7 µB/Co allows estimating
the fraction of metallic Co in the samples as listed in table 5.2. Therewith, SQUID
measurements revealed the presence of metallic Co at temperatures as low as RT,
although their quantity is strongly reduced. This indicates the presence of the MS II
phase [33] in a temperature dependent quantity below 400◦C, and confirms the above
assumptions.
For lower Co contents similar observations can be made as for the C:Co (∼40 at.%)
films. From figure 5.3 it becomes obvious that the width of diffraction peaks increases
as the metal content in the films decreases which is a hint for the formation of smaller
grains. In the C:Co (∼15 at.%) film grown at 500◦C both metallic Co phases can not be
distinguished due to the presence of a broad diffraction peak emerging from the small
grain size and the superposition of several reflections from the hcp and fcc Co phase.
In addition, figure 5.3 clearly shows that with decreasing deposition temperature the
width of diffraction peaks increases which indicates about a decrease in grain size.
However, one should keep in mind that for the C:Co (∼ 30at.%) and C:Co (∼ 40at.%)
films grown below 500◦C, and for the C:Co (∼15 at.%) films in the whole temperature
range the superposition of reflections from several Co phases results in a further peak
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Figure 5.4: XRD patterns of C:Cu (∼15 at.%) (a) and C:Cu (∼30 at.%) (b) composite thin
films grown at different substrate temperatures. The symbols represent the XRD peaks of
fcc Cu [152]. The XRD patterns of C:Cu (∼30 at.%) films are extracted from Ref. [146, 150].
broadening, thus hindering any analysis of the grain size.For the C:Co (∼ 30at.%) and
C:Co (∼ 40at.%) films grown at 500◦C the grain size estimated from the (111) peak
width of fcc Co in the XRD patterns by the Scherrer formula is in the range of 5-7 nm.
It should be noted that the relatively high background intensity of the XRD patterns
and the presence of several diffraction peaks from metallic Co in a small angle range
complicates the deconvolution of the patterns.
C:Cu films: Figure 5.4 presents the X-ray patterns of C:Cu composites with metal
contents of ∼15 and ∼30 at.% grown at substrate temperatures in the range of RT-
500◦C. The C:Cu films show features characteristic for the fcc copper phase in the
whole temperature range for both Cu contents. Copper exhibits a very low miscibility
with carbon which prevents the formation of carbide phases. Consequently, even at the
lowest growth temperature used in the present study a complete demixing of copper
and carbon occurs and Cu crystallites are formed. This is consistent with the obser-
vations on C:Cu composites found in the literature at similar Cu contents and growth
temperatures [24]. The patterns clearly show that an increase in temperature results
in a narrowing of the diffraction peaks which indicates grain coarsening. The size of
Cu crystallites estimated from the Scherrer formula which is summarized in table 5.3
quantifies the observed tendency. Besides, the table reveals that the crystallite size
is independent of the Cu content. The grain size of C:Cu (∼30 at.%) films grown at
500◦C is larger than those of corresponding C:Co films.
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Table 5.3: Size of Cu crystallites estimated from the (111) and (200) peak widths in the XRD
patterns by the Scherrer formula for C:Cu (∼15 at.%) and C:Cu (∼30 at.%) composite thin
films grown at different substrate temperatures.
T (◦C) Crystallite size (nm)
C:Cu (∼15 at.%) films C:Cu (∼30 at.%) films
RT 3±1 3±1
100 3±1 4±1
200 4±1 4±1
300 6±2 6±2
400 10±2 10±2
500 13±3 14±3
C:V films: The XRD patterns of C:V nanocomposite films and VC reference films
grown at different substrate temperatures are shown in figure 5.5. The VC reference
films show sharp diffraction peaks typical for the rock salt structure with the peak
positions corresponding to those of fcc VC from the database International Center for
Diffraction Data [153]. The presence of the fcc VC phase in sputter deposited V-C
coatings has also been reported in the literature [98, 99]. The diffraction patterns
show no remarkable changes with growth temperature indicating a constant size of VC
crystallites (see table 5.4). C:V (∼30 at.%) nanocomposites show broad peaks at the
positions of those of VC reference films which is a hint for the formation of smaller
crystallites. The peaks at 37.4◦, 43.4◦ and 63.1◦ can be assigned to the (111), (200)
and (220) plane of fcc VC, while the broad feature between 70◦ and 80◦ arises from
the superposition of the (311) and (222) reflections at 75.7◦ and 79.7◦ of this phase
[153]. No significant changes in the width and intensity of the diffraction peaks are
observed in the whole temperature range, except for the C:V (∼30 at.%) film deposited
at RT showing very broad peaks, which indicates about the low effect of the growth
temperature on the grain size. The estimated size of VC crystallites by the Scherrer
formula shown in table 5.4 confirms this observation. It should be noted that for
the C:V composites the low signal to noise ratio complicates the determination of the
FWHM making it impossible for the C:V film grown at RT. Thus, the calculated grain
size represents only a rough estimation. When the V content decreases to 15 at.% the
diffraction peaks further broaden (see figure 5.5 (a)). In contrast to C:V (∼30 at.%)
composites and VC reference films, the C:V (∼15 at.%) films show a decreasing width
of the diffraction peaks when the growth temperature increases indicating about the
formation of larger grains at higher temperatures. Owing to the very broad features
in the XRD patterns it is not possible to estimate the size of VC crystallites below
400◦C. At RT and 100◦C the patterns have a featureless appearance indicating that
the actual crystallite size is below the detection limit of XRD. It has been reported
in the literature that at such low V contents no carbide particles are formed during
the deposition at RT [100]. Thus, the evolution and sharpening of diffraction peaks at
higher growth temperatures could be due to the formation and growth of small carbide
crystallites.
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Figure 5.5: XRD patterns of C:V (∼15 at.%) (a) and C:V (∼30 at.%) (b) composite thin
films, and VC reference films (c) grown at different substrate temperatures. The symbols
represent the positions of the XRD peaks of fcc VC [153]. The XRD patterns of C:V (∼30
at.%) films are extracted from Ref. [146, 150].
In summary, C:V and C:Cu nanocomposite films show the presence of vanadium
carbide and metallic copper, respectively, in the whole temperature range of the study.
In contrast, in C:Co films cobalt carbide is the majority phase up to 300◦C, while
metallic Co becomes the dominant phase at higher growth temperatures. At 500◦C
hcp and fcc Co coexist. All C:TM nanocomposites show an increase in grain size with
TM content and growth temperature with the exception of C:Cu films for the former.
Only for C:V (∼30 at.%) films the influence of the growth temperature is insignificant.
For any TM content at the highest growth temperature the grain size decreases in the
order Cu > Co > V, i.e. reverse to their carbon chemical affinity.
Table 5.4: Size of VC crystallites estimated from the (111) peak width in the XRD patterns
by the Scherrer formula for C:V (∼15 at.%) and C:V (∼30 at.%) composite thin films, and
VC reference films grown at different substrate temperatures.
T (◦C) Crystallite size (nm)
C:V (∼15 at.%) films C:V (∼30 at.%) films VC reference films
RT - - 12±2
100 - 2±1 12±2
200 - 2±1 12±2
300 - 2±1 11±2
400 1±1 2±1 10±2
500 1±1 2±1 10±2
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5.1.3 Structure and morphology of the films: TEM investigations
This chapter presents the results on the film morphology and phase structure of C:Co,
C:Cu and C:V composites during growth studied by the means of plan-view and cross-
sectional transmission electron microscopy in combination with selected area electron
diffraction. The first part of this chapter considers the metal content dependence of
C:Co films on the morphology of the dispersed phase and the matrix while in the second
and third part the study of the influence of the metal type is presented.
C:Co films: The cs-TEM images of C:Co composite films grown at RT, 300 and
500◦C with cobalt contents between 15 and 40 at.% are shown in figure 5.6. The
images show that all the films belong to zone III in the structure zone model suggested
by Barna and Adamik [81] for composite films grown by physical vapor deposition.
The films are composed of dark grains surrounded by brighter areas. Judging from
the atomic number, Z, of Co and C (Z=27 and 6, respectively), the dark grains are
metal-rich particles, while brighter areas represent the carbon matrix. This is valid
to all further BF-TEM images of the C:TM nanocomposite films, because V and Cu
(Z=23 and 29, respectively) also exhibit significantly higher atomic numbers than C.
At RT Co nanoparticles exhibit a globular shape. The TEM images reveal an increase
in grain size with Co content. In C:Co (∼15 at.%) films the nanoparticles have a
diameter of ∼2 nm, while for a Co content of ∼40 at.% grains up to 4 nm in diameter
are formed. The shape of Co nanoparticles changes with increasing growth temperature
to an elongated structure in the direction of the thin film growth. The cs-TEM images
of figure 5.6 (b), (e) and (h), which show the film morphology at a growth temperature
of 300◦C, clearly demonstrate that the growth proceeds in a more aligned manner
with a higher aspect ratio for higher Co concentrations in the films. In addition to
their length, the width of elongated nanoparticles also increases concomitantly with
temperature. In C:Co (∼15 at.%) films, slightly elongated nanoparticles are present
with a length of 2-5 nm and a width of ∼2 nm (average aspect ratio 1.5), while C:Co
(∼40 at.%) films show columnar-like nanoparticles with a length of 6-10 nm and a
width of 4-6 nm (average aspect ratio ∼2). The plan-view (pv) TEM images in figure
5.7 additionally point out the increase in nanoparticle diameter with Co content. When
the growth temperature further increases up to 500◦C, the elongated structure of Co
nanoparticles becomes more pronounced. However, as can be seen from figure 5.6 the
growth of nanocolumns is always interrupted, and repeated nucleation occurs even for
the highest Co concentration of ∼40 at.%.
Plan-view high-resolution TEM imaging (see figure 5.7 (b)) shows that the nanopar-
ticles are encapsulated by graphite-like carbon (GLC). The latter appear as curved
fringes which follow the boundaries of the nanoparticles. Depending on the interparti-
cle distance, three- to five-layer thick graphitic shells with the spacing of 0.34 nm fill
the space between Co-rich nanoparticles. However, no layered structures are visible
in the pv-TEM image of figure 5.7 (a), when the contrast between the particles and
the carbon matrix is low. This is associated with the lower thickness of this sample
in comparison to the sample of figure 5.7 (b). The thicker sample generates a darker
image due to overlapping of different grains. It should be noted that during sample
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Figure 5.6: Cross-sectional high-resolution bright-field TEM images of the C:Co (∼15 at.%)
((a)-(c)), C:Co (∼30 at.%) ((d)-(f)) [150], and C:Co (∼40 at.%) ((g)-(i)) composite thin films
grown at RT, 300 and 500◦C.
preparation (ion milling) for TEM imaging the carbon matrix is modified by the ion
beam and in the outer regions of the sample carbon becomes amorphous while the inner
remains unchanged. This can lead to a complete amorphization of carbon if the sample
is too thin and might explain the absence of layered ordering of the matrix observed
in the image of figure 5.7 (a). The cs-TEM images of figure 5.6 show the presence of
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Figure 5.7: Plan-view high-resolution bright-field TEM images of the C:Co (∼15 at.%) (a)
and C:Co (∼40 at.%) (b) composite thin films grown at 300◦C [19]. Image (a) shows lattice
fringes in the nanoparticles corresponding to the cobalt carbide or metallic Co phase.
graphitic planes following the surface of the nanoparticles for the samples grown at 300
and 500◦C. No such layered ordering of the matrix is observed at RT indicating the
transition from amorphous to graphite-like carbon between RT and 300◦C. Delaunay
et al. [22] have reported similar morphologies in their C:Co films prepared by IBS.
Besides, similar carbon structures produced by magnetron sputtering have also been
reported in the literature [25, 26].
The SAED patterns of the C:Co (∼30 at.%) film grown at RT and 300◦C show
broad rings (see figure 5.8 (a) and (b)). The innermost ring corresponds roughly to
the d-spacing of (002) graphite, while the other two rings, the outermost being hardly
visible, may consist of several unresolved rings. In this case, the nanoparticle phase can
not be determined unambiguosly which makes it impossible to clarify if carbidic and
metallic phases coexist at T≤300◦C. The broad diffraction rings have been associated
in the literature with an amorphous-like phase [6, 11, 22, 25, 26, 33]. In addition, at RT
no lattice fringes in the cobalt-rich grains could be identified, suggesting that the grains
are amorphous. This is consistent with the lack of driving force for the crystallization
in C:Co alloys grown at this low temperatures [33] in contrast to C:TM systems with
a strong tendency to form carbides as for C:V or C:Ti nanocomposites [32, 154, 155].
In contrast, the pv high-resolution TEM image of the C:Co (∼15 at.%) composite
thin film grown at 300◦C in figure 5.7 (a) shows lattice spacings of 0.21 and 0.25 nm
in the Co-rich grains. The first value can be assigned to the (111) plane of cobalt
carbide or to (100)hcp Co, and the second one to the (110) plane of cobalt carbide. In
figure 5.7 (b) no lattice images of the grains can be observed due to overlapping of
different grains because of the larger sample thickness, as already mentioned above.
The diffuse diffraction rings for the sample grown at 300◦C might therefore be assigned
to the superposition of several rings from the hcp or cobalt carbide phase, or lattice
distortions due to interstitial carbon [11, 22, 33]. On the other hand, the SAED pattern
of the C:Co (∼30 at.%) film grown at 500◦C shows numerous sharp rings which can
be attributed to the hcp and fcc cobalt phase demonstrating the coexistence of both
metallic phases, and a broad ring at the graphite (002) position. The presence of sharp
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Figure 5.8: SAED patterns of the C:Co (∼30 at.%) composite thin films grown at RT (a),
300 (b) and 500◦C (c). In the diffraction pattern, the rings are indexed with (hkl)hcp and
(hkl)fcc for the hexagonal cobalt and the face-centered cubic cobalt phase, respectively.
rings confirms the grain coarsening at higher temperatures already observed in the
cs-TEM images of figure 5.6.
In summary, TEM observations of C:Co films reveal a growth transition from glob-
ular to elongated nanoparticles between RT and 300◦C. In addition, the length and di-
ameter of elongated nanoparticles increase concomitantly with Co content and growth
temperature. Besides, at T≥300◦C curved graphitic planes encapsulating the nanopar-
ticles are observed while at RT the carbon phase has a featureless appearance which
indicates that the transition from amorphous to GLC occurs between these two tem-
peratures.
C:Cu films: Figure 5.9 (a)-(c) shows the cs high-resolution TEM images of C:Cu
(∼30 at.%) composite thin films prepared at RT, 300 and 500◦C, (d)-(f) are the cor-
responding SAED patterns. The nanoparticles are crystalline grains. According to
electron diffraction analysis the crystals are of fcc Cu [152]. The SAED patterns are
composed of an innermost broad ring at the d-spacing of (002) graphite and numerous
sharp rings due to the fcc Cu phase. It should be noted that at 300 and 500◦C two
additional diffraction rings are present corresponding to the (110) and the (210) plane
of fcc Cu. These reflections are normally forbidden in fcc copper (all Miller indices are
either even or uneven). Their origin might be related to some dissolved carbon atoms
which remain trapped in the Cu phase. The interstitial carbon atoms might cause
lattice distortion and the break down of symmetry rules for the perfect crystal giving
rise to forbidden reflections. At RT the nanoparticles exhibit a fine-grained structure
similar to C:Co films, except that the grain size of ∼4 nm is slightly larger than that
of the C:Co film with a similar metal content (grain size of ∼3 nm). The shape of Cu
nanoparticles also changes with increasing temperature to a more elongated structure
in the direction of the thin film growth and becomes more pronounced at the high-
est growth temperature of this study (figure 5.9 (c)). At 300◦C the elongated shape
of nanoparticles is less pronounced in the C:Cu films than in the C:Co films with a
similar metal content. This is related to the larger width of elongated particles in the
case of Cu while in both types of films the grains exhibit a similar height resulting in
a lower aspect ratio of the Cu particles. By comparing the cs-TEM images of both
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Figure 5.9: Cross-sectional high-resolution bright-field TEM images of the C:Cu (∼30 at.%)
composite thin films grown at RT (a), 300 (b) and 500◦C (c) [150] and corresponding SAED
patterns ((d)-(f)). In the diffraction pattern, the rings are indexed with (hkl)fcc for the
face-centered cubic copper phase.
types of films grown at 500◦C, it becomes evident that Cu grains exhibit a broader size
distribution. For C:Cu films, the elongated columns have a width of 6-12 nm and a
length of 10-20 nm, while elongated Co columns show a width of 4-6 nm and a length
of 7-13 nm. However, no columns with their height equal to the film thickness are
observed in the given temperature range similar to the C:Co films.
Cross-sectional high-resolution TEM imaging shows that the carbon phase has a
featureless appearance at RT (see figure 5.9 (a)). The pv high-resolution TEM image
in figure 5.10 of the C:Cu film prepared at 300◦C shows Cu nanoparticles of sizes in the
range of 4-7 nm which are encapsulated by graphite-like carbon layers indicating that
the transformation from amorphous carbon to GLC occurs between RT and 300◦C.
This has also been reported elsewhere in the literature [24]. The planes appear as
curved fringes being parallel to the surface of copper nanoparticles. In dependence
of the interparticle distance at some locations only a few graphitic planes are visible,
while at other locations stacked graphitic planes with a thickness of ∼3 nm are present.
The latter indicates that the majority of the carbon matrix has a layered ordering with
its layers filling the space between Cu nanoparticles. For a larger distance from the
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Figure 5.10: Plan-view high-resolution bright-field TEM image of the C:Cu (∼30 at.%) com-
posite thin films grown at 300◦C.
nanoparticles the carbon phase has a featureless appearance indicating the transition
to an amorphous structure (see the relatively large carbon area in the upper part of
figure 5.10). The layered structure can be additionally seen in the cs-TEM images of
the samples grown at T≥300◦C (figure 5.9 (b) and (c)).
Finally, TEM observations combined with selected area electron diffraction confirm
the presence of fcc Cu in the whole temperature range as observed by XRD. Concerning
the film morphology, C:Cu films showed a similar growth temperature dependence as
C:Co films, except that Cu grains are larger and exhibit a broader size distribution at
500◦C.
C:V films: Figure 5.11 shows the cs high-resolution TEM images of the C:V (∼30
at.%) thin films deposited at RT, 300 and 500◦C. At RT the crystalline particles exhibit
a fine-grained structure with a diameter of 1-2 nm. The globular shape of nanoparticles
is preserved until the highest deposition temperature of this study of 500◦C and their
size only slightly increases with temperature up to ∼3 nm. The fine-grained structure
of vanadium carbide is consistent with the HRTEM observations on carbon-rich V-C
films deposited by magnetron sputtering [99]. At 300 and 500◦C, high-resolution cs-
TEM imaging reveals the presence of curved graphitic (graphene) shells encapsulating
the nanoparticles (see inset of figure 5.11 (b) and (c)) even though the small grain size
complicates their observation. At RT the tissue phase appears amorphous indicating
the transition from an amorphous structure to a layer-like ordering of the carbon matrix
between RT and 300◦C similar to the observed tendency in C:Co and C:Cu composites.
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Figure 5.11: Cross-sectional high-resolution bright-field TEM images of the C:V (∼30 at.%)
composite thin films grown at RT (a), 300 (b) and 500◦C (c) [150].
The pv high-resolution TEM image of a C:V (∼30 at.%) film deposited at 300◦C is
shown in figure 5.12 (a). The grains have a size of ∼2 nm. Besides, lattice fringes in
the VC grains are clearly observed which indicates about their crystalline structure.
Fast Fourier transformation (FFT) of the image tells, that the crystallites are vana-
dium carbide, which confirms the XRD observation. The observed lattice spacings are
close to the (111), (200) and (220) reflections of the fcc VC phase [153]. Besides, the
innermost halo is roughly at the d-spacing of (002) graphite. However, the graphitic
layers of carbon are only visible in a few places of the image. This is associated with
the small grain size which imposes a strong curvature of the graphene layers. Standing
graphitic planes are well visible in the TEM, while in the case of globular particles
a decreasing grain size results in a stronger curvature of the layers which leads to a
decrease in the intensity of the projected graphitic planes in the TEM image. This also
explains why the curved planes are hardly visible in the cs-TEM images.
Figure 5.12: Plan-view high-resolution bright-field TEM image (a) and corresponding FFT
(b) of the C:V (∼30 at.%) composite thin films grown at 300◦C.
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In summary, the nanoparticles in C:V films exhibit a fine-grained structure in the
whole temperature range and show a very low growth temperature dependence which
is in contrast to the behavior in C:Co and C:Cu films and might be related to the
formation of stable VC grains. A transition from an amorphous carbon matrix to
curved graphitic planes encapsulating the nanoparticles is observed between RT and
300◦C.
The estimated grain size from the width of diffraction peaks in the XRD patterns
employing the Scherrer equation and the size obtained by TEM imaging of C:TM films
containing ∼30 at.% metal show in general a good agreement. It should be noted that
the calculations of the grain size by the Scherrer formula, which represents only a rough
estimation of the grain size, were based on a cubic shape of the crystallites, whereas
Cu and Co grains are elongated at T≥300◦C. Furthermore, for GID the direction of
the scattering vector in which the crystallite size is measured varies with the detector
position, i.e. the deviation from the surface normal increases with the 2Θ value. This
explains why in the case of elongated crystallites the size obtained by the Scherrer
formula is smaller than the observed particle height by cs TEM. The estimated size of
Co crystallites at 500◦C is in the order of 5-7 nm, which is slightly below the height
of Co grains (7-13 nm). The corresponding Cu crystallites exhibit an estimated size of
11-17 nm, while their height is 10-20 nm. As only low diffraction peaks (2Θ<50◦) were
used for the determination of the crystallite size, the deviation of the direction of the
scattering vector from the surface normal is below 24,5◦ resulting in a small difference
of the grain size obtained by XRD and cs TEM. However, the Co crystallites show a
worse agreement between both analysis techniques than Cu crystallites which might
be related for the former with the relatively high background intensity of the XRD
pattern and the presence of several diffraction peaks from metallic Co in a small angle
range complicating the deconvolution of the pattern.
Concluding, TEM investigations of the C:TM films show their composite structure in
which a nanometer sized metallic or carbidic dispersed phase is embedded in a carbon
matrix. C:Co and C:Cu films show a growth transition from globular to elongated
nanoparticles between RT and 300◦C but no nanocolumns are observed up to the
highest temperature of this study of 500◦C. In C:V films the globular shape is preserved
up to 500◦C and the grain size increases only slightly with temperature. For a metal
content of ∼30 at.% the grain size decreases in the order: Cu > Co > V, which is
reverse to their carbon chemical affinity. At T≥300◦C all C:TM films are composed of
globular or elongated metal-rich nanoparticles which are three-dimensionally separated
by curved graphitic planes, while at RT carbon phase appears amorphous. The layered
structure of the carbon matrix visible by HRTEM suggests sp2-type ordering of the
carbon matrix, since the presence of sp3 bonds, even at a small overall content, creates
crosslinking between the layers and breaks down the two-dimensional layered ordering.
The layers can have graphene-like structure, which means the layers are formed mainly
from sixfold aromatic rings or the layers consist of fullerene-like sp2-bonded clusters
having a significant amount of non-sixfold rings. The embedding medium does not
exhibit a regular layered structure but consists of fragments of different dimension and
curvature, which makes a quantification by employing only microscopic means difficult.
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Raman spectroscopy, which will be the object of analysis in the next section, allows
highlighting and in addition a quantification of the structural features of the embedding
phase even if it appears amorphous or featureless in microscopy.
5.1.4 Carbon matrix: Raman spectroscopic investigations
General observation from Raman spectra
Figure 5.13 (a)-(d) shows the normalized Raman spectra of the carbon reference and of
C:Co composite films with Co contents of ∼15, ∼30, and ∼40 at.% in the wavenumber
range 700-1900 cm−1 measured with 532 nm excitation light. All further Raman spectra
in this section are presented in the same wavenumber region. For comparative purpose
the normalized Raman spectra of tetrahedral amorphous carbon (ta-C), nanocrystalline
graphite and graphite are shown in figure 5.14. Tetrahedral amorphous carbon has a
high content of sp3 hybrids of ∼85% and localized sp2 modes [56]. The Raman spectra
of ta-C shows a broad asymmetric peak around 1540 cm−1. A peak at ∼960 cm−1
from underlying Si substrate is also observed. The spectra of nanocrystalline graphite
exhibit two sharp modes, the D and G peak, at 1350 and 1582.5 cm−1, respectively.
Graphite shows the single sharp G line at 1581 cm−1.
In order to point out the effect of Co on carbon, the features present in the Raman
spectra of carbon reference samples are discussed first (figure 5.13 (a)). At RT and
100◦C the contribution of the D peak to the Raman spectra is very low and can be
hardly resolved in the spectra, while it increases concomitantly with temperature. The
RT Raman spectra are similar to those of amorphous carbon films grown at RT by IBS
Figure 5.13: Normalized Raman spectra of C (a) [150], C:Co (∼15 at.%) (b), C:Co (∼30
at.%) (c) [150] and C:Co (∼40 at.%) (d) composite thin films grown at different substrate
temperatures. The spectra were vertically shifted, but the original intensity ratios for each
measured series are preserved.
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Figure 5.14: Raman spectra of tetrahedral amorphous carbon (ta-C), nanocrystalline graphite
and graphite [156]. The spectra were vertically shifted, but the original intensity ratios for
each measured series are preserved.
[157] and MS without additional bias [158]. The shape of the Raman spectra of the C
film grown at RT resembles those of ta-C which indicates about a significant amount
of sp3-hybridized carbon. Above 100◦C two individual contributions from the D and
G peaks can be clearly observed. Both peaks become separated at 500◦C. The G peak
shift toward higher wavenumbers concomitantly with temperature should be noted.
On the other hand, the Raman spectra of C:Co composite films show an intense
contribution of the D band already at RT (see figure 5.13 (b)-(d)) in contrast to the
carbon reference films. No significant changes in the ratio of the peak intensities are
observed with increasing temperature. Besides, the splitting of the D and G peak
into individual peaks becomes slightly observable at 300◦C in C:Co (∼15 at.%) films
and at 400◦C for higher Co contents, and can be clearly seen at 500◦C. The shape of
the Raman spectra differs among the respective Co contents, in particular at 500◦C.
For a Co content of ∼30 at.% the most pronounced separation of the D-G band is
observed. In C:Co (∼15 at.%) films the G peak intensity is always slightly higher than
the intensity of the D peak, while for a higher Co content in the films an almost equal
peak intensity is observed over the whole temperature range of the study, except for
C:Co (∼30 at.%) films grown at RT. Similar to carbon reference films, the G peak
shifts toward higher wavenumbers concomitantly with temperature for all Co contents.
To emphasize the metal effect on carbon, figure 5.15 shows the normalized Raman
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Figure 5.15: Normalized Raman spectra of C (a), C:Cu (∼15 at.%) ((b) and (d)) and C:Cu
(∼30 at.%) ((c) [150] and (e)) composite thin films grown at different substrate temperatures.
In (d) and (e) the photoluminescence background is subtracted from the spectra. The spectra
were vertically shifted, but the original intensity ratios for each measured series are preserved.
spectra of C:Cu (∼15 at.%) and C:Cu (∼30 at.%) films together with the spectra
of carbon reference films. Carbon luminescence contributes to the Raman spectra of
C:Cu films. The higher background intensity at the end of the measurement range in
comparison to the beginning for the composite films which is not observed for carbon
reference and C:Co films clearly indicates about the superposition of the Raman spectra
of C:Cu films by photoluminescence. It has been reported that copper is a prominent
luminescence activator in II-VI compounds [159] and the effect of copper nanoparticles
on the luminescence of films such as zinc oxide, alumina or silica glass has been reported
[160, 161]. In order to avoid a misinterpretation of the C:Cu Raman spectra the
luminescence background was subtracted (see figure 5.15 (c) and (d)). This is also
important with regard to the fitting of the Raman spectra. In the following only the
corrected Raman spectra will be considered. The Raman spectra of C:Cu composite
films grown at low temperatures show a stronger contribution of the D band than
carbon reference films, but a lower one than C:Co composites. Besides, the spectra
for both Cu contents are very similar in the investigated temperature range. The
intensity of the D peak relative to that of the G peak increases up to ∼300◦C, while
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Figure 5.16: Normalized Raman spectra of C (a), C:V (∼15 at.%) (b) and C:V (∼30 at.%)
(c) [150] composite thin films grown at different substrate temperatures. The spectra were
vertically shifted, but the original intensity ratios for each measured series are preserved.
no considerable changes are observed at higher temperatures. The splitting of the D
and G peaks into individual peaks becomes slightly observable at 300◦C and can be
clearly identified at 500◦C. A more pronounced separation of the D-G band than in
carbon reference films is observed at 500◦C. Similar to carbon reference films and C:Co
composites, a blue shift of the G peak with temperature is observed.
The normalized Raman spectra of C:V (∼15 at.%) and (∼30 at.%) films are shown
together with the carbon reference spectra in figure 5.16 (a)-(c). Similar to C:Co
films, the Raman spectra of C:V films exhibit a strong contribution of the Raman D
band already at RT. In contrast to carbon reference films, C:V (∼15 at.%) composites
show only little changes in the shape of the Raman spectra with temperature. Above
300◦C two individual peaks start to emerge with the D peak intensity being slightly
lower than that of the G peak. Besides, the G peak is shifted to higher wavenumbers
with increasing temperature as in the case of carbon reference films. For C:V (∼30
at.%) films no considerable changes in the Raman spectra are observed with increasing
temperature. On the other hand, the splitting of the D and G peaks into individual
features is already observed at RT.
Fitting of Raman spectra
In order to obtain a more quantitative understanding of the structural changes of the
films in dependence of growth temperature, TM type and content, the Raman spectra
were fitted by a three line model as described in chapter 4 (see section 4.4.2). For
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the fitting of the nanocrystalline graphite Raman spectrum an additional Lorentzian
line for the peak ∼1620 cm−1 was used. In the following the discussion will focus
on the position and width of the G peak and the intensity ratio of D and G peak
ID/IG. These fitting parameters are plotted in figure 5.17 versus deposition temperature
for both C reference and C:TM films. The corresponding G peak positions of ta-C,
nanocrystalline graphite and graphite are also indicated in the figures in the form of
horizontal lines for comparative purpose. Besides, for the sake of completeness, all
the fitting parameters (D and G peak position and widths, coupling coefficient q and
ID/IG ratio) are summarized in table 7.1-7.5 of appendix 7.1 for C reference films,
C:TM composites, ta-C, nanocrystalline graphite, and graphite.
The G peak position increases concomitantly with temperature for carbon reference
and C:TM films, except for C:V (∼30 at.%) films (figure 5.17 (a)-(c)). For carbon
reference films the G peak shifts upwards from 1539 cm−1 at RT to 1575 cm−1 at
500◦C. At the highest temperature its position is close to that of graphite or nc-graphite
which is 1581 and 1582.5 cm−1, respectively (figure 5.17 and Refs. [135, 162]). For
C:Co composites deposited at RT, the G peak is down shifted with increasing metal
content (1538 and 1518 cm−1 for ∼15 and ∼40 at.% Co in the films, respectively). The
G peak position of C:Co (∼15 at.%) films almost coincides with that of pure carbon
films in the whole temperature range, while the slope is larger for C:Co composites
with a higher Co content. At 500◦C C:Co (∼30 at.%) films exhibit a higher G peak
position (1583 cm−1) than the other Co contents (1576 and 1578 cm−1 for ∼15 and
∼40 at.% Co, respectively) and carbon reference films. All these values are close to
that of graphite and nc-graphite. C:Cu composites exhibit a similar G peak position
between RT and 300◦C as pure carbon films, while at higher temperatures the G peak
position is well above that of C reference films. At 500◦C its position (1588 and 1584
cm−1 for C:Cu (∼15 at.%) and C:Cu (∼30 at.%) films, respectively) is close to that
of graphite and nc-graphite. For C:V (∼15 at.%) films the G peak position behaves
similar as for pure carbon films, except that the peak values are 2-6 cm−1 below that
of the C reference films grown at the same temperature. For C:V (∼30 at.%) films the
G peak shows a weak growth temperature dependence and varies between 1552 and
1565 cm−1.
For carbon reference and C:TM films the G peak width shows an overall decrease
when the temperature increases from RT to 500◦C. This is not the case for C:V (∼30
at.%) films which show no considerable changes in the whole temperature range (figure
5.17 (f)). For carbon reference films the G peak width decreases almost linearly with
temperature from 204 cm−1 at RT to 143 cm−1 at 500◦C. For C:Co composites the
films with the lowest Co content show the smallest decrease in G peak width when
the temperature increases from RT to 500◦C. Besides, for C:Co (∼15 at.%) and C:Co
(∼40 at.%) films the width of the G peak decreases concomitantly with temperature,
while for C:Co (∼30 at.%) films the width first slightly increases reaching a maximum
at 200◦C and then decreases at higher temperatures. At 500◦C the C:Co (∼30 at.%)
film exhibits the narrowest G peak (121 cm−1), whose value is clearly lower than
that of C:Co (∼15 at.%) (146 cm−1) and C:Co (∼40 at.%) films (139 cm−1), and of
corresponding carbon reference films. C:Cu films grown at low temperatures have a
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Figure 5.17: Position and width of the G peak and ID/IG ratio of C and C:TM thin films grown
at different substrate temperatures. The lines are guide for the eye only. The corresponding
G peak positions of nc-graphite, graphite and ta-C are additionally shown in the figures as
horizontal lines for comparative purpose.
smaller G peak width than carbon reference films and show a similar behavior for both
Cu contents in the whole temperature range. The G peak width slightly increases
(from 171 to 174 cm−1 for C:Cu (∼30 at.%) films) or remains almost constant (∼175
cm−1 for C:Cu (∼15 at.%) films) when the temperature increases from RT to 200◦C.
Above 200◦C the G peak width decreases concomitantly with temperature down to a
value of 121 and 117 cm−1 at 500◦C for C:Cu (∼30 at.%) and C:Cu (∼15 at.%) films,
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respectively. For C:V (∼15 at.%) films the G peak width remains almost constant
(∼170 cm−1) between RT and 300◦C, and decreases for higher temperatures having
similar values as carbon reference films. In contrast, for C:V (∼30 at.%) films the G
peak width varies slightly with temperature (140-150 cm−1) but does not show any
clear tendency.
For carbon reference films the ID/IG ratio increases concomitantly with temperature
from 0.15 at RT to ∼0.9 at 500◦C. C:Co composites grown at RT exhibit a significantly
higher ID/IG ratio (0.8-1.2) than carbon reference films. Except for C:Co (∼30 at.%)
films where ID/IG drops by ∼0.2 when the temperature increases from RT to 200◦C,
the peak intensity ratio shows only little variations with temperature. For C:Co (∼15
at.%) films, ID/IG slightly increases from 0.8 at RT to 0.9 at 500
◦C, whereas for (∼30
at.%) films ID/IG gradually decreases down to ∼1 at 500◦C. Besides, in the C:Co (∼40
at.%) composites the ID/IG ratio of ∼1 remains almost constant. Among the C:Co
composites the C:Co (∼15 at.%) films exhibit the lowest ID/IG value in the whole
temperature range. At low temperatures (≤200◦C) C:Cu composites have a clearly
higher ID/IG ratio than carbon reference films, while its value is below that of C:Co
composites. ID/IG slightly increases with temperature up to 300
◦C (from 0.7 and 0.65
to ∼0.9 and ∼0.8 for ∼15 at.% and ∼30 at.% Cu, respectively) while the peak intensity
ratio remains almost constant at higher temperatures. In the whole temperature range
of this study C:Cu (∼15 at.%) films have a slightly higher ID/IG ratio than C:Cu (∼30
at.%) films (figure 5.17 (h)). In C:V films the ID/IG ratio is ∼1.0 at RT, while it
slightly decreases with temperature to ∼0.9 and ∼0.95 at 500◦C for a V content of
∼15 and ∼30 at.% in the films, respectively.
In summary, all films C and C:TM films show an increase in G peak position and
an overall decrease in G peak width when the temperature increases. An exception
are C:V (∼30 at.%) films which exhibit a very weak growth temperature dependence.
Below 300◦C all C:TM films have a significantly higher ID/IG ratio than corresponding
carbon reference films. The ID/IG value increases concomitantly with temperature
for pure carbon films, while it remains almost constant for C:Co and C:V films. For
C:Cu films ID/IG increases up to 300
◦C and remains constant at higher temperatures.
Differences in the fitting parameters are observed among the respective TM types and
contents.
5.1.5 Discussion
The results above demonstrate that the nanostructure of both composite constituents is
strongly influenced by the growth temperature, metal type and content. For all C:TM
films repeated nucleation occurs which prevents the formation of nanocolumns with a
length equal to the film thickness. As film synthesis takes place far from thermodynamic
equilibrium the nanostructure during thin film growth evolves in a competitive fashion
between the thermodynamic and kinetic factors. Thermodynamically, the system tends
to minimize its free energy by reducing the amount of matrix-inclusion interfaces, and
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by the synthesis of crystalline material and stable phases as indicated by the phase
diagram. On the other hand, the kinetic limitations induced by the low-temperature
growth enable the synthesis of metastable phases or amorphous films, thus preventing
the conversion to the more stable crystalline phase. Bulk diffusion is negligible because
the film deposition takes place well below the melting point of the metal or the respec-
tive carbide and cs TEM imaging does not show any segregation phenomena. Thus,
surface diffusion of the different atomic species determines the structure evolution dur-
ing film growth and is responsible for the phase separation into dispersed phase and
matrix. Many diffusion paths exist: C and TM self diffusion, diffusion of C on metal,
diffusion of metal on carbon, and the diffusion of metal and carbon across the C/TM
boundary. Accordingly, in the following it is to clarify which diffusion paths are the
limiting factors determining the film structure. As the morphology of the dispersed
phase depends on the growth conditions, the first part of the discussion considers the
influence of growth temperature and Co content on the nanoparticle size and shape.
In the second part, the effect of the metal type on the morphology of the inclusion
phase is discussed. The third part addresses the graphitization behavior of the car-
bon matrix. In the fourth part, the growth regimes of C:TM films are summarized,
and the results are discussed on the basis of the mutual chemical C-TM affinity and
temperature activated adatom diffusivity.
Temperature-content dependence of the dispersed phase in C:Co films
At low growth temperatures metal adatom mobility is low and prevents Co atoms
from diffusion and seeking out equilibrium lattice sites resulting in the formation of
metastable cobalt carbide phase. With increasing growth temperature the amount of
the more stable metallic Co phase as indicated by the phase diagram increases owing
to the higher mobility of as-deposited atoms. The cobalt carbide phase does not exist
above 300◦C as confirmed by XRD and TEM which is associated with the weak covalent
bonding between C and Co atoms and the increase in surface diffusivity. In addition to
the chemical state, also the phase state changes with increasing growth temperature.
The very broad diffraction peak in the XRD pattern and the absence of lattice fringes
inside the Co-rich grains for the C:Co composite grown at RT are compatible with the
amorphous structure as reported in the literature for C:Co or C:Ni nanocomposite films
grown at low temperatures [5, 6, 20, 22, 25, 33, 34, 101]. At elevated temperatures
the higher adatom mobility results in the formation of the thermodynamically more
stable crystalline grains at T≥300◦C. Both phase transformations are associated with
the release of free energy of the system [2].
At the initial stage of thin film growth the 3D island mode for Co [163] leads to the
formation of metallic islands which serve as a sink for subsequently deposited metal
atoms [2, 164, 165], thus the film growth kinetics is expected to follow the nucleation
- growth - coalescence stages. On the other hand, encapsulation of the islands by
the surrounding carbon phase takes place due to the layer-by-layer growth mode of
carbon [21]. If carbon exhibits a moderate solubility in the metal, carbidic clusters can
form as in the case of C:Co composites grown at low temperatures at the conditions
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far from thermodynamic equilibrium. Present TEM results show that at RT repeated
nucleation results in a fine-grained structure. XRD also indicates a small grain size.
The average diffusion length, which is determined by the ratio of surface diffusivity and
growth rate, is low and prevents the metal adatoms to reach the existing nanoparticles
before being covered. In addition, amorphous carbon can easily trap the as-deposited
metal atoms which further promotes the repeated nucleation [166–168]. Defects in the
carbon phase act as effective nucleation centers, while contamination of the surface
also affects nucleation kinetics [78].
The increase in adatom mobility with substrate temperature results in an elongation
of the nanoparticles in the film growth direction and also increases the nanoparticle
diameter. The formation of larger grains at higher growth temperatures is similar to
the observations in single phase films [78, 81]. The temperature induced surface diffu-
sivity allows more adatoms to reach the boundaries of coexisting phases before being
covered by subsequently deposited atoms. The probability of forming a carbon surface
covering layer on the growth surface of the nanoparticles is reduced and therefore also
the degree of repeated nucleation. Besides, at T≥300◦C the carbon phase is composed
of GLC layers. This can further increase metal adatom mobilities, as the metal adatom
diffusivity on the GLC matrix is expected to be larger than that on the amorphous
carbon [164]. The nucleation theory for single phase thin films predicts a lower nucle-
ation density and the formation of larger islands with increasing substrate temperature
which is consistent with the observed grain coarsening with increasing temperature in
the C:Co composite films [169]. On the other hand, the presence of the carbon matrix
prevents the lateral development of Co nanoparticles, while it promotes their evolution
in the film growth direction, i.e. the lateral phase separation. Besides, the formation
of carbidic phase up to 300◦C does not hinder the elongated growth of nanoparticles
which might be related to the weak nature of Co-C bonds.
For higher Co concentrations in the films the encapsulation probability of the nanopar-
ticles by the carbon matrix is reduced resulting in a larger nanoparticle diameter and, in
the case of nanocolumns, also in a larger column length. The fact that larger nanopar-
ticles are formed in the films exhibiting a higher metal content indicates that carbon
diffusion on metal is not a limiting factor for the phase separation. A similar conclusion
was drawn for C:Ni nanocomposite films grown by ion beam co-sputtering on different
types of substrates [3].
The increase in grain size with both temperature and metal content due to the higher
adatom mobilities should be attributed to the tendency of the system to minimize
the free energy by reducing the amount of matrix-inclusion interfaces. However, the
absence of nanocolumns with a height equal to the film thickness even at the highest
growth temperature and Co content suggests that the energy barrier at the TM/C
interface is too large to allow all C atoms to diffuse across the boundary.
As for the C:Co composites of the present study a globular-elongated growth transi-
tion is observed with increasing temperature, it can be expected that a further increase
in temperature and metal content would increase the column height and their diameter.
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However, a higher growth temperature gives rise to surface segregation of the metal
phase [147] which indicates the occurrence of bulk diffusion. On the other hand, for
a higher metal content in the film the width of the carbon matrix between the grains
is reduced and island coalescence can occur. The ERDA depth profiles of the C:Co
films with Co contents ≥30 at.% grown at 500◦C show a Co concentration pile up at
the surface, while this is not observed for a metal content of ∼15 at.% in the films.
Abrasonis et al. [147] also showed for C:Ni films grown at 500◦C by hyperthermal ion
deposition that a higher metal content promotes the metal surface segregation at higher
temperatures. It should be noted that due to the bombardment of the growing film
with incoming energetic ions the adatom mobility is enhanced and the metal surface
segregation occurs at Ni contents as low as 7 at.% becoming significantly more pro-
nounced for higher Ni concentrations. The vertical phase separation and the formation
of a continuous metal layer for larger metal contents was assigned to the tendency of
the system to minimize the free energy by lowering the amount of interfaces between
matrix and inclusion phase. The tendency of metal surface segregation is strongly af-
fected by the kinetic factors depending on the interplay of metal atom mobility and
the tendency of the carbon matrix to encapsulate the particles [147], which explains
the homogeneous Co depth distribution in the films with the lowest metal content.
The formation of well-aligned nanocylinders embedded in a matrix has been reported
for Fe-LaSrFeO4 [170], BaTiO3-CoFe2O4 [171], Al-Si [92, 94], Al-Ge [172], and various
metal silicide-Si or germanide-Ge systems [173] by using conventional PVD techniques
such as sputtering or pulsed laser deposition. All these systems exhibit eutectic phase
diagrams with terminal phases that have limited solid solubilities similar to the Co-C
system. Therefore phase separation during deposition occurs for a composition within
the two-phase region. In binary systems with a significantly lower eutectic temperature
than in the system Co-C (1320◦C) like Al-Si (577◦C) [35] and Al-Ge (420◦C) [35]
nanorod formation is obtained already at RT indicating about a considerable surface
diffusion length. It should be noted that the adatom mobility is inversely proportional
to the melting point of the compound. Therefore, for material systems with a high
eutectic temperature above 1000◦C the temperature during sputter deposition must
be increased up to 300◦C and additional bias voltage (-20 V) must be applied to
obtain similar structures as for the systems with a low eutectic temperature. This
indicates that a certain adatom mobility is necessary for the formation of well-aligned
nanocylinders [173].
Systems like CrSi2-Si (1305
◦C) [35] or HfSi2-Si (1360◦C) [35] have an eutectic tem-
perature comparable with the system Co-C and show the presence of nanorods while
the latter does not. This might be associated with the different matrix materials. In
C:Co films the carbon matrix grows in a two dimensional layer-by-layer mode [21].
Graphite-like carbon structures are formed at higher temperatures (≥300◦C). Such
GLC structures form closed shells covering the growth surface of the nanoparticles.
This stops further growth of nanoparticles in the perpendicular direction and causes
repeated nucleation. Similar observations have been reported for C:Ni films grown by
magnetron sputtering at elevated temperatures [18]. Thus, carbon adatoms on the
metal nanoparticle surfaces which reach the TM/C boundaries have a relatively high
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energetic barrier to cross the boundary and tend to stay at the metal surface thus
extending gradually the carbon network over the metal nanoparticle surface. On the
other hand, amorphous silicon or germanium do not form planar structures while the
matrix exhibits a 3D structure surrounding the sidewall of nanowires. Besides, Wang
et al. reported about columnar growth of Co nanoparticles in DLC by plasma-assisted
processing [103, 104]. However, they used magnetron sputtering with reactive gases
and additional bias voltage (-500 V) resulting in energetic particle bombardment during
film deposition and thus enhanced adatom mobilities. Babonneau et al. also showed
that ion assistance promotes the elongated growth of nanoparticles [174]. With increas-
ing Co content in the films, the Co nanostructure developed from slightly elongated
nanoparticles to nanorods with their diameter increasing. It should be noted that in
contrast to GLC the DLC matrix exhibits a significant amount of sp3-hybridized car-
bon atoms which might explain the nanorod formation similar to those embedded in
amorphous silicon or germanium.
Self-assembled iron nanowires embedded in LaSrFeO4 matrix are formed by pulsed
laser deposition at 760◦C in vacuum through the decomposition of La0.5Sr0.5FeO3 per-
ovskite [170]. No surface segregation of iron is observed at such high deposition tem-
peratures indicating that the matrix acts as a stabilizer. The observations presented
on the formation of nanowires above pose a challenge for the growth of nanocolumns
with a height equal to the film thickness in the presence of a carbon matrix contain-
ing a significant amount of sp2-hybridized carbon atoms, as from one side it tends to
encapsulate the metal-rich nanoparticles, while from the other side does not prevent
metal surface segregation. This might be probably valid for other layered materials
such as CNx or BN.
The present results show that the nanostructural evolution during growth evolves
as a competition between the metal atoms which tend to accumulate in order to form
large clusters and the carbon matrix tendency to encapsulate those clusters. The kinetic
constraints imposed by the relatively low growth temperature and the covering growth
by the carbon matrix limit the grain coarsening and the metal surface segregation.
The results strongly suggest that the carbon diffusion on metal is not a limiting factor
determining the film structure.
Metal type dependence
The nanoparticles in C:Cu (∼30 at.%) films show a similar growth temperature de-
pendence as those in C:Co films, except that Cu grains are larger for the C:TM films
grown at similar metal content and temperature. This might be associated with the
lower melting point of Cu in comparison to Co and to the lower affinity to carbon for
the former [35, 61] both factors enhancing the metal adatom mobility on carbon. In
the C:V (∼30 at.%) films the grain size is lower than in C:Co and C:Cu films indicating
about an even lower adatom mobility. Besides, in contrast to C:Co and C:Cu films, the
effect of the growth temperature on the grain size is very low in C:V films, because a
narrower section from the homologous temperature range has been investigated in the
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latter case. This becomes evident by the similarity of the grain size in the C:V film
grown at 500◦C and of the C:Co film grown at RT. Both facts are assigned to the strong
V-C interaction being responsible for the high melting point of vanadium carbide of
2670◦C [35, 61] and inducing an overall low adatom mobility. Thus, repeated nucle-
ation occurs rather than the diffusion toward the existing islands and the fine-grained
structure is preserved in the whole temperature range of RT-500◦C. The size of VC
crystallites is rather influenced by the metal content than by the growth temperature
as observed by XRD. As vanadium forms very stable carbides, cobalt forms metastable
carbides at low temperatures, while copper practically forms no carbides, the different
carbide forming behavior and the observed tendencies of the grain size in the different
types of films as a function of growth temperature and metal content strongly indicate
that the metal adatom mobility is inversely proportional to their affinity to carbon.
The comparison of the grain size in C:Cu and C:Co films with ∼30 at.% metal
content shows that the nanoparticle diameter in C:Cu films grown at RT is similar
to those of elongated nanoparticles in C:Co films deposited at 300◦C even though the
lower growth temperature for the former type of film induces a lower average adatom
mobility. This observation indicates that the diffusivity of metal on carbon and across
the C/TM boundary is not a limiting factor determining the nanostructural evolution.
Consequently, also the self diffusion of metal atoms is not a limiting factor. However,
even though Cu adatom mobility is higher than those of Co adatoms also for C:Cu
films no nanorods are formed up to the highest growth temperature of the study of
500◦C suggesting that the diffusivity of carbon across the TM/C boundary is a limiting
factor for the film structure.
On the other hand, the fine-grained structure in C:V films in the whole temperature
range of the present study suggest that for elements with a strong affinity to carbon
such as vanadium the metal diffusivity on carbon is a limiting factor determining the
film morphology. It should be noted that C:Ti nanocomposite films with a Ti content of
20 at.% grown by magnetron sputtering in the temperature range of RT-800◦C exhibit
a columnar structure [32]. As Ti has a comparable affinity to carbon like V the presence
of nanorods for the former might be related with plasma assistance of the growing film
during magnetron sputtering in comparison to ion beam sputtering, thus imposing a
higher adatom mobility. Furthermore, the increase in width of the TiC columns with
deposition temperature is attributed to the higher maximum growth temperature of
800◦C thus a higher adatom mobility when compared with C:V films.
Carbon graphitization
A phenomenological relationship between the Raman spectra and the carbon bonding
structure is provided by the three-stage model, also named amorphization trajectory,
proposed by Ferrari, Robertson and Rodil [42, 56, 138]. This model, which was already
introduced in section 4.4.2, allows the characterization of the carbon bonding structure
in C and C:TM films by two important spectroscopic parameters, the Raman G peak
position and the intensity ratio of the D and G peaks, ID/IG.
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Before starting the discussion of the Raman spectra and the obtained fitting parame-
ters, it is important to point out two things. First, the carbon is not crystalline, neither
in the carbon reference nor in the metal containing composite films. This becomes ev-
ident by comparing the Raman spectra of C and C:TM films (figure 5.13, 5.15, and
5.16) with that of nanocrystalline graphite (figure 5.14). Even at the highest growth
temperature of 500◦C the carbon structure in these films is far from nc-graphite. Sec-
ond, sputtered hydrogen free a-C films always have a low sp3-content (≤20%) [42, 56].
Therefore, the carbon bonding structure in all the films belongs to stage 2 of the three-
stage model. This stage, in terms of disorder, can be described as an intermediate state
between nanocrystalline graphite and amorphous carbon. In this stage, the presence
of the D band is connected to the presence of sixfold aromatic rings in the sp2 phase,
while the ID/IG ratio reflects the cluster size in disordered carbons [56]. According
to the three-stage model, all C:TM films contain three types of carbon: graphitic and
amorphous sp2 carbon, and amorphous sp3 carbon. Furthermore, according to the G
peak position and ID/IG ratio, the predominant structure of the carbon phase in C:TM
films consists of nc-graphite and a-C with approximately 10% sp3 carbon [56].
The above presented Raman spectra of C:TM films (figure 5.13, 5.15, and 5.16) differ
in shape when compared to carbon reference films, in particular at low temperatures,
which clearly demonstrates the metal impact on the surrounding carbon matrix. In
addition, the spectroscopic features of C and C:TM films change differently when vary-
ing the growth temperature which implies that the carbon phase undergoes different
pathways toward graphitization. Besides, also among the different types of composite
films and for the different metal contents differences in the shape of the Raman spectra
are observed which are reflected by their fitting parameters and indicate differences in
the sp2 bonding structure of the matrix.
The carbon reference film deposited at RT (G peak at 1539 cm−1, ID/IG=0.15)
belongs to the end of stage 2 of the amorphization trajectory which is amorphous
carbon. Such structures are characterized by a completely disordered, almost fully
sp2-bonded carbon network consisting of distorted sixfold rings and rings of other
orders with ∼20% sp3 hybridized carbon [56]. The small size of sixfold ring clusters is
an indication for the low self diffusion of carbon atoms at RT. The small cluster size is
additionally indicated by the blue shift of the D peak, which is close to 1390 cm−1 (see
appendix 7.1, table 7.1), compared to the D band position of graphite-like carbon or
nanocrystalline graphite (1350-1360 cm−1) [42, 56, 138], because smaller clusters result
in the D line blue shift [56]. Carbon tends to graphitize with the increase in growth
temperature due to the higher adatom mobility as indicated by the increase in ID/IG
ratio (increase in sixfold ring cluster size) and G peak position (increasing order within
the clusters).
At RT, HRTEM observations do not show any layer-like structures of the carbon
matrix. However, Raman spectroscopy highlights that some local sixfold ring clustering
takes place which is promoted by the presence of the metal. Thus, although surface
diffusion is strongly limited and the nanoparticle growth is dominated by nucleation it
still enhances the sixfold ring clustering significantly. Furthermore, such a considerable
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enhancement also occurs for relatively low (∼15 at.%) metal contents in the composite
films suggesting that the metal-rich nanoparticles, even at a small size, act as effective
templates for nucleation and growth of graphitic carbon clusters. The catalytic activity
of various transition metals at low concentrations has also been reported in Ref. [100].
At higher temperatures, when surface diffusion becomes significant both techniques,
Raman and HRTEM, show the features characteristic for a layer-like ordering of the
carbon matrix.
At low deposition temperatures (≤200◦C) the transition metal significantly enhances
the sixfold ring clustering of the carbon phase since the ID/IG ratio is clearly higher than
in corresponding carbon reference films. Similar observations have been reported for Ni
[20, 158, 175]. The enhancement occurs independently of the nanoparticle size, shape,
and phase (metallic or carbidic), and TM content, if carbon is present in excess because
the Raman spectra of VC reference films do not show any features characteristic for
amorphous or ordered carbons coexisting with the metal carbide nanoparticles. The
degree of enhancement, i.e. the size of the graphene-like sp2-bonded carbon clusters,
depends on the transition metal type and content, and decreases for ∼30 at.% metal
in the order Co > V > Cu. The differences in sixfold ring clustering between C and
C:TM films are the largest at RT and become smaller at higher temperatures due
to the temperature induced clustering in carbon reference films. In C:Cu films the
increase in ID/IG ratio up to 300
◦C also indicates the temperature mediated sixfold
ring clustering, while the cluster size remains constant at higher temperatures. For
C:V and C:Co films the cluster size is almost independent of the growth temperature.
According to equation 4.4 the cluster size in C and C:TM films is always below 1.5
nm. However, the HRTEM images of C:Co and C:Cu films grown at T≥300◦C show
graphene layers that are significantly larger than this value. Therefore, the ID/IG ratios
corresponding to distances below 1.5 nm have to be attributed rather to defects within
the layers [131]. The curvature of the layers might also explain the discrepancy between
the size of graphitic crystallites obtained from Raman and TEM [110]. As TEM does
not show any layer-like ordering at RT, in this case ID/IG might be associated with the
size of graphene-like (sixfold ring) sp2-bonded clusters.
The catalytic graphitization of carbon by various transition metals has been known
for a long time [176, 177] and also their importance as catalysts in the synthesis of
carbon nanotubes [178–181] is well known even if there is still a discussion about the
detailed mechanism. Konno et al. suggested that graphite-like carbon in sputter de-
posited C:Co films is produced via decomposition of cobalt carbide phase during the
deposition [25, 33]. However, this would only explain the graphite formation in systems
forming metastable carbides. In contrast, investigations on C:Co films in this study
and on C:Ni films by Abrasonis et al. [20] show an enhanced aromatic clustering in-
dependently from the Co and Ni phase state. In many cases the graphite formation is
referred to as metal mediated crystallization or, in the case of carbides, carbide medi-
ated crystallization based on a dissolution-diffusion-precipitation mechanism [10, 177].
The proposed view of this process is that carbon atoms dissolve into the metal, thus
supersaturating it with respect to the more stable crystalline phase due to the higher
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free energy of the amorphous state. The supersaturation at the carbon/metal interface
leads to a concentration gradient being the driving force for C diffusion through the
metal and the precipitation on the surface as graphite [110]. However, the significant
bulk diffusion of carbon atoms and precipitation on the nanoparticle surface would
prevent the pronounced elongated structure of nanoparticles reported in the literature
[18, 20, 25] and observed in this study for C:Co and C:Cu films. In addition, transition
metals (T, V, Zr, W, Co, Ni, and Cu) significantly enhance the sixfold ring clustering
of the carbon phase in sputter deposited C:TM films already at RT [20, 100, 150, 158]
where adatom mobilities are strongly limited, i.e. bulk diffusion can be neglected.
Carbon atom surface diffusion on metal-rich particles is proposed to be a key step
during carbon nanotube growth [178–181] and is proposed to be responsible for the en-
hanced sixfold ring clustering during the growth of C:Ni composites [20]. The results
of the present study from the complementary analysis of dispersed phase and matrix
by TEM and Raman spectroscopy strongly suggest a similar mechanism to explain the
enhanced aromatic clustering by vanadium, cobalt, and copper. Within this picture
the metal nanoparticle surfaces act as templates or fast diffusion paths to enhance the
ring structure nucleation and growth.
HRTEM shows that the graphitic planes follow the boundaries of metal-rich nanopar-
ticles which points out that the excess carbon atoms as-deposited on metal surfaces
diffuse toward the grain boundaries of the nanoparticles where carbon segregates by
forming graphene layers. The so-formed graphitic planes might provide a platform for
graphitic nanostructure formation and subsequent layers can built up laterally, which
is confirmed by TEM observations (see figure 5.7 (b) and 5.10). In addition, inves-
tigations on carbon:metal, boron nitride:metal or carbon nitride:metal nanocompos-
ites show that graphitic, CNx (carbon nitride) or BN (boron nitride) planes which
follow the boundaries of the nanoparticles are formed for different metals like Fe
[21, 174, 182, 183], Ni [17, 18, 20, 102], Co [4, 22, 25, 150], Cu [24, 150] and Ag
[10, 23] confirming the assumption above that the metal-rich nanoparticles serve as a
platform or a template for the formation of layered structures.
The pv-TEM image of the C:Cu film grown at 300◦C shows that graphene layers
have formed only near the interface between the of Cu nanoparticles and the carbon
phase while the latter appears amorphous for a larger distance to the nanoparticles.
This observation indicates that graphitization occurs mostly at the interface consistent
with the proposed mechanism that carbon surface diffusion on metal-rich nanoparticles
and not bulk diffusion of carbon in the metal is responsible for the graphitic clustering.
The fact that metal-rich nanoparticles act as effective templates for nucleation and
growth of carbon graphitic structures at temperatures as low as RT while on the other
hand the sixfold ring clustering is strongly retarded in pure carbon films indicates that
the carbon surface self diffusion is significantly lower than the diffusion of carbon on
metal.
The curved graphitic shells grow parallel to the surface of the nanoparticles whose
spatial arrangement limits the size and imposes curvature of the layers which prevents
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the formation of large planar graphitic structures and explains why the carbon bonding
structure in C:TM films is far from nanocrystalline graphite. Accordingly, the mor-
phology of the dispersed phase (nanoparticle size and shape) strongly influences the
bonding structure of the carbon matrix [146] which is reflected by their Raman spectra.
This becomes evident by comparing the changes in the carbon bonding structure
with increasing growth temperature in carbon reference and C:V (∼30 at.%) films. In
pure carbon films there are no spatial restrictions which hinder the growth of planar
graphitic structures. Thus their formation and growth with increasing temperature is
observed by Raman spectroscopy (increase in G peak position and ID/IG ratio). How-
ever, in these films the carbon bonding structure is far from nanocrystalline graphite
which is related to the low surface mobility of carbon atoms as the growth tempera-
ture is well below 1000◦C where the significant graphitization in pure carbon occurs
[10, 102]. In the C:V films the carbidic nanoparticles enhance the sixfold ring clus-
tering of the carbon phase at temperatures as low as RT, but on the other hand the
fine-grained structure imposes a high degree of curvature of the layers which results
in a significant amount of non-sixfold rings in the sp2-coordinated basal planes which
redshifts the G peak (∼1560 cm−1) in comparison to graphite or graphite-like carbon,
changing the structure of the carbon matrix rather to the fullerene-like than to the
graphene-like. Besides, the overall low upward shift in G peak position with growth
temperature is assigned to the slight increase in grain size, i.e. less degree of curvature
of the layers resulting in a slightly higher amount of sixfold rings in the clusters. This
indicates that the nanoparticle imposed curvature stabilizes the carbon phase but also
results in a low degree of graphitization.
On the other hand, for C:Co and C:Cu films the increase in grain size and the
formation of elongated nanoparticles at higher growth temperatures results in a lower
degree of curvature of the layers and therefore a lower ratio of non-sixfold atomic
structures which is indicated by the upward shift of the G peak. In C:V (∼15 at.%) films
the increasing ratio of sixfold rings (upward shift of the G peak) concomitantly with
temperature should also be related to the formation and growth of carbide crystallites
as indicated by XRD measurements.
At 500◦C the C:TM films exhibit different G peak positions and widths suggesting
that the degree of ordering within the aromatic clusters depends on both the TM type
and content. The Raman spectra of C:Cu and C:Co (∼30 at.%) films prepared at the
highest temperature of this study show a better separation of the D-G band and a higher
G peak position being slightly above that characteristic for graphite than the other films
which indicates a higher ratio of sixfold rings in the clusters for the former. This might
be related to the influence of the morphology of the dispersed phase on the structure of
the carbon matrix as mentioned above. In C:Co nanocomposite films grown at 500◦C,
the clearly better separation of the D-G band and the higher G peak position for a Co
content of ∼30 at.% than for the other Co atomic ratios (figure 5.17 (a),(d)) indicates a
higher degree of ordering of the graphene-like sp2-bonded clusters and suggest optimal
conditions for the growth of carbon graphitic structures for an intermediate cobalt
content. The observed tendencies indicate that the interface effects are maximized
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at this intermediate Co content for the given growth conditions (deposition rate and
temperature). At a low TM atomic ratio the increase in metal content results in
a higher amount of interfaces, while for higher TM contents this increase leads to
grain coarsening which reduces the concentration of interfaces [21, 22, 25]. Such a
behavior might explain the optimal mechanical properties of the C:TM nanocomposites
observed at a certain C/TM composition [15, 16] as the interfacial phase is expected to
stabilize the cohesion of the whole nanocomposite structure [184] with the maximum
enhancement at an optimal ratio of matrix, interface, and dispersed phase.
Growth regimes of C:TM films deposited by IBS
Figure 5.18 summarizes the growth regimes of C:TM films grown by IBS as a func-
tion of the mutual chemical C-TM affinity and growth temperature. At low growth
temperatures the surface mobility of the adatoms is low, thus the repeated nucleation
dominates the nanostructure formation and all C:TM films show the presence of glob-
ular nanoparticles (NPs) embedded in an amorphous carbon matrix. The Cu and V
rich nanoparticles are crystalline while those in the C:Co films exhibit an amorphous
structure. For the C:Cu and C:Co films, an increase in the ad-atom surface diffusivity
results in the formation of elongated nanoparticles and an increase in the nanoparticle
diameter accompanied with the formation of a GLC matrix. For C:V films, the increase
in the substrate temperature results in the increase of the nanoparticle diameter while
retaining the globular morphology. For C:V films, the VC grains are encapsulated by
FLC matrix for T≥300◦C. Concerning the chemical state, Cu (V) is metallic (carbidic)
in the whole temperature range while Co shows a carbidic→metallic transition when
the surface ad-atom diffusivity increases. In addition, the nanoparticle diameter or
ad-atom mobility at a given temperature decreases when the C-TM affinity increases.
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Figure 5.18: Structure zone diagram for IBS grown C:TM films as a function of the mutual
C-TM chemical affinity and substrate temperature. NPs denotes nanoparticles.
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5.2 Phase separation during post-deposition annealing
of the nanocomposite thin films
Carbon and C:TM films, which were deposited at Ts=200
◦C, were postannealed at
Ta=300-700
◦C. The effects of annealing on the film depth profiles, phases, and mor-
phology of the films are described in sections 5.2.1, 5.2.2, 5.2.3, and 5.2.4. In section
5.2.5 the results from sections 5.2.1-5.2.4 are summarized and discussed.
5.2.1 Film composition and depth profiles of annealed samples
Figure 5.19 shows the ERDA depth profiles of C:TM films deposited at Ts=200
◦C and
of the C:TM films which were postannealed at Ta=700
◦C. The film areal densities and
atomic ratios of the major film constituents and impurities of as-deposited C:TM films
are summarized in table 5.5.
The ERDA depth profiles of as-deposited films show a homogeneous distribution of
carbon and TM over the film thickness consistent with the observations reported in
section 5.1.1. The amount of impurities in the film is low in comparison to carbon and
the metal (see table 5.5). In addition, at the film-substrate interface the concentrations
of both major film constituents decrease rapidly to zero. The ERDA depth resolution
and the origin of impurities in the films were already discussed in section 5.1.1. The
C:Co and C:Cu films annealed at 700◦C show an inhomogeneous depth distribution
profile (figure 5.19 (b) and (d)). A metal concentration pile up is observed at the
film surface and a depletion at the interface (∼0 at.% of TM). The TM atomic ratio
increases up to a maximum value of ∼60 and ∼100 at.% for the annealed C:Co and
C:Cu films, respectively. The above observations indicate that significant bulk diffusion
of the metal occurs in C:Co and C:Cu films at Ta=700
◦C which alters the initial film
structure. ERDA measurements show that annealing at 500◦C leads to a slight surface
segregation of the metal in the C:Cu composite (see figure 5.20). The corresponding
C:Co sample exhibits no considerable changes in comparison to the as-deposited film
which is a hint that the C:Co composite structure is thermally stable at least up to
500◦C and bulk atomic transport phenomena occur at higher annealing temperatures.
The slightly higher Cu content near the surface at 500◦C might be associated with
the lower melting point of copper in comparison to cobalt, i.e. a higher diffusivity. It
Table 5.5: Film areal densities t, compositions and tTM/(tTM + tC) ratios of C:Co (∼35
at.%), C:Cu (∼40 at.%), and C:V (∼35 at.%) films as-deposited at 200◦C.
Film type Film areal density t Atomic ratio (at.%) tTM/(tTM + tC)
(1018 cm−2) C O H TM
C:Co (∼35 at.%) 200◦C 0.91 64.7 0.7 0.9 33.7 0.34
C:Cu (∼40 at.%) 200◦C 0.80 56.3 0.6 1.8 41.3 0.42
C:V (∼35 at.%) 200◦C 0.93 61.1 1.0 1.1 36.8 0.38
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Figure 5.19: ERDA depth profiles of C:Co(∼35 at.%) ((a) and (b)), C:Cu(∼40 at.%) ((c)
and (d)), and C:V(∼35 at.%) ((e) and (f)) films as-deposited at 200◦C and of films which
were postannealed at Ta=700◦C.
Figure 5.20: ERDA depth profile of the C:Cu(∼40 at.%) film postannealed at Ta=500◦C.
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should be noted that the C:V film presented in figure 5.19 (f) exhibits a lower film
areal density, i.e. a lower film thickness, in comparison with the film shown in figure
5.19 (e), which is due to a lower film thickness of the original sample in the former case
and not due to material loss during post-deposition annealing.
5.2.2 Dispersed phase: XRD investigations
Figure 5.21 shows the XRD patterns of as-deposited and of postannealed C:TM films.
The estimated crystallite size from the width of diffraction peaks by the Scherrer for-
malism is illustrated in figure 5.22. The patterns are intermitted between 53◦ and 58◦
in order to blind out the broad peak around 55◦, which is observed in some of the
patterns, and is most probably related to the oxide layer on the Si substrate.
The effect of annealing on the nanoparticle phase structure in C:Co films is shown
in figure 5.21 (a). The as-deposited film exhibits a broad diffraction peak at ∼43◦
which is present up to an annealing temperature of 400◦C, while at higher annealing
temperatures the peak becomes sharper and more intense. The broad feature at ∼43◦
of the as-grown film is assigned to the superposition of several diffraction peaks from
cobalt carbide which is the majority phase and hcp Co existing as the minor phase as
discussed in section 5.1. When Ta increases up to 500
◦C the peak maximum contin-
uously shifts by ∼2◦ to higher diffraction angles which indicates that the metastable
cobalt carbide phase starts to decompose above 200◦C and hcp Co is formed. At
Ta=500
◦C the peak is narrower than for lower annealing temperatures due to the ab-
sence of reflections from the cobalt carbide phase. The decomposition of cobalt carbide
into hcp Co and carbon upon heating at 300-420◦C has been reported in the litera-
ture [5, 6, 22, 33, 101]. Whether both metallic Co phases coexist at 500◦C can not
be determined unambiguously, but the relatively broad peak might be assigned to the
overlapping of three peaks from the hcp Co phase, namely the (100), (002) and (101)
reflection, and the (111) plane of the fcc Co phase. As Ta further increases up to
600◦C the peak shifts slightly toward lower 2θ value. The calculated lattice spacing
obtained from the peak center for the sample annealed at 500 and 600◦C are 2.026 A˚
and 2.043 A˚, respectively. These values match well with those of the hcp and fcc Co
lattice spacingsn of the (002) and (111) planes which are 2.023 A˚ and 2.046 A˚ [149],
respectively, thereby confirming the phase transition from hcp to fcc structure. At
Ta=550
◦C additional features at higher diffraction angles are observed which become
more pronounced at higher annealing temperatures. The (200) reflection from fcc Co
at 51.5◦ which is clearly visible at 600◦C indicates that the phase transformation is
complete at this annealing temperature. It has been reported that hcp Co existing at
room temperature transforms to the fcc structure after annealing at ∼400 and ∼420◦C
in sputter deposited Co thin films and in bulk Co, respectively [35, 185]. However, the
present observations indicate that the temperature of phase transition is shifted to a
higher value in the Co-C system.
The increasing intensity and decreasing width of diffraction peaks above 550◦C in-
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Figure 5.21: XRD patterns of C:Co (a), C:Cu (b), and C:V (c) composite thin films as-
deposited at 200◦C and of films which were postannealed at various temperatures. The arrows
in (a) illustrate the shift of the peak maximum with increasing annealing temperature, and
the dotted lines indicate the peak positions of fcc Co. A diffractogram of an uncoated SiO2/Si
substrate is given at the bottom in (c) for comparative purpose.
Figure 5.22: Crystallite size behavior in C:TM films with annealing temperature. The crys-
tallite size was estimated from the (111) fcc Co, (111) and (200) fcc Cu, and (111) fcc VC
peak widths in the XRD patterns by the Scherrer formula. The temperature of as-deposited
films was 200◦C.
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dicates about the growth of Co crystallites (figure 5.22). It should be noted that
the overlapping of several diffraction peaks from metallic Co or cobalt carbide phase
prevents the estimation of the grain size at temperatures below 550◦C.
Figure 5.21 (b) shows the XRD patterns of as-deposited and postannealed C:Cu
films. The diffraction peaks correspond to the fcc Cu phase. No considerable changes
are observed up to an annealing temperature of 550◦C. At higher temperatures signif-
icant sharpening of the diffraction peaks occurs reflecting the increase in the average
crystallite size from 7 to 27 nm as estimated from the width of diffraction peaks em-
ploying the Scherrer equation (see figure 5.22).
The diffraction patterns of C:V films grown at 200◦C and of the annealed samples
at Ta=500 and 700
◦C in figure 5.21 (c) show the peaks corresponding to the fcc VC
phase. No changes are observed in the investigated temperature range indicating the
stability of the dispersed VC phase and its morphology (figure 5.22). It should be
noted that for the sample annealed at 700◦C the broad peak ∼55◦ which is related
to the SiO2 underlayer is observed. Thus, the additional feature ∼80◦ might also be
assigned to the substrate because the other peak intensities of fcc VC phase remain
constant in comparison to Ta=500
◦C.
In summary, XRD reveals no changes in the phase structure of annealed C:V and
C:Cu composite films upon annealing in the investigated temperature range of 300-
700◦C keeping the initial fcc VC and fcc Cu phase, respectively. In contrast, in the
C:Co films cobalt carbide decomposes between 300 and 500◦C into hcp Co and carbon,
and hcp Co further transforms to fcc Co at higher annealing temperatures. The VC
crystallites retain their initial size in the whole temperature range of this study, while
grain coarsening takes place in C:Cu and C:Co films above an annealing temperature
of 550◦C.
5.2.3 Modification of film morphology: TEM investigations
Figure 5.23 (a) and (b) shows the BF cs TEM images of as-deposited and at 500◦C
postannealed C:Co films. The grains in the as-deposited film exhibit an elongated
structure in the direction of the thin film growth which is consistent with the observed
globular-elongated growth transition between RT and 300◦C as reported in section
5.1.3. Their width is ∼3 nm, while their length is in the range of 5-10 nm. Such a
morphology corresponds to zone III of the SZM [78, 81]. The corresponding SAED
pattern in figure 5.23 (c) shows an innermost halo from (002) graphite and two broad
diffraction rings whose positions can be assigned to the orthorhombic cobalt carbide
or the hcp Co phase as discussed in section 5.1. The high-resolution image in the inset
of figure 5.23 (a) shows that the carbon matrix exhibits a layered ordering consist-
ing of small fragments typically 1-2 nm in length. The granular morphology is not
changed by annealing up to 500◦C (figure 5.23 (b)). At this annealing temperature the
SAED pattern of figure 5.23 (d) shows the innermost (002) halo of graphite and three
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Figure 5.23: Cross-sectional BF TEM images of the C:Co composite thin film as-deposited at
200◦C and of the postannealed sample at 500◦C (b). The corresponding SAED patterns are
shown in (c) and (d). In the diffraction pattern, the rings are indexed with (hkl)orth, (hkl)hcp
and (hkl)fcc for the orthorhombic carbide, the hexagonal cobalt and the face-centered cubic
cobalt phase, respectively.
rings corresponding to (002)hcp/(111)fcc, (110)hcp/(220)fcc and (112)hcp/(311)fcc. The
broadening of the diffraction rings which is caused by the small size of the crystallites
does not allow one to distinguish between both metallic phases. However, the pattern
is not consistent with the carbide phase indicating the decomposition of cobalt carbide
into metallic Co and graphitelike carbon upon annealing. Similar results have been
reported in Refs. [22, 33]. The GLC layers which can be seen in the inset of figure 5.23
(b) follow the boundaries of the metal particles in a similar manner as for the as-grown
film.
Annealing to 700◦C significantly changes the initial film morphology. As can be
seen from figure 5.24 (a) Co segregates on the surface. No continuous cobalt layer
is formed, but large faceted grains ∼50 nm in height and up to several 100 nm in
length are present. The darker regions in the carbon-rich underlayer represent small
Co crystallites which remain trapped in the film (figure 5.24 (b)). Besides, bright areas
in the carbon-rich underlayer denote diffusion voids while their presence at the film-
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Figure 5.24: Cross-sectional BF ((a) and (b)) and DF (c) TEM images, and corresponding
SAED pattern (d) showing a strongly textured graphite (002) diffraction ring for the C:Co
film annealed at 700◦C. In the diffraction pattern, the rings are indexed with (hkl)fcc for the
face-centered cubic cobalt phase.
Figure 5.25: Cross-sectional high-resolution BF TEM image of the C:Co film annealed at
Ta=700◦C showing the graphite layer between a cobalt grain and the substrate.
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substrate interface or between the carbon-rich and the Co layer indicates film or layer
delamination. Thus, the altering of the film structure by annealing at 700◦C causes the
decreases of film adhesion [2]. DF TEM imaging (figure 5.24 (c)) shows the presence of
Co crystallites in the carbon-rich underlayer more clearly. Besides, the image reveals
that the large cobalt grains at the film surface consist of several crystallites. The
spotted array in the diffraction pattern of figure 5.24 (d) implies a large size of the Co
crystallites, while the inner sharp ring indicates the presence of a new polycrystalline
phase. Its d-spacing of 3.4 A˚ corresponds to the graphite (002) spacing, suggesting that
the former rather amorphous carbon has transformed to polycrystalline graphite after
annealing at 700◦C. This diffraction ring shows a strong intensity in the plane-parallel
direction indicating that the graphite planes are mainly oriented perpendicular to the
substrate surface. The high-resolution BF image of figure 5.25 reveals the presence of
large graphene layers between the metal top layer and the substrate. A closer look at
the image shows graphite planes perpendicular and parallel to the substrate surface.
The presence of perpendicular to the surface oriented graphite planes has also been
reported in annealed carbon-cobalt layered thin films [110]. The undulating character
of the graphite fringes should be noted.
The BF cs TEM images of the C:Cu film prepared at 200◦C, and of subsequently
annealed samples at 500 and 700◦C are presented in figure 5.26 (a)-(c). Figure 5.26
(a) shows dark grains which are slightly elongated perpendicular to the film surface
and are separated by white layers. The shape of the dispersed phase is consistent with
the globular-elongated growth transition in C:Cu composites grown between RT and
300◦C as reported in section 5.1.3. The grains exhibit a width of 3-5 nm and a length
of 6-8 nm. Annealing to 500◦C does not change the granular morphology (figure 5.26
(b)). The carbon matrix has an amorphous appearance in the annealed sample (see
inset of figure 5.26 (b)) similar to the as-deposited film. The corresponding SAED
patterns in figure 5.26 (d) and (e) show sharp rings from the fcc Cu phase and a broad
ring at the d-spacing of (002) graphite. Figure 5.26 (c) shows that annealing at 700◦C
significantly alters the film morphology. Large Cu grains are formed on top of the film.
Besides, the facetted shape of the grains suggests that they have formed by liquid-like
coalescence. The grains have a height of 70-110 nm and a width in the range of 50-200
nm. The corresponding SAED pattern in figure 5.26 (f) represents a spotted array
which indicates about the formation of large Cu crystallites. Furthermore, small Cu
grains which were well isolated by the carbon matrix remain in the film. These ones
are clearer visible in the corresponding DF image shown in figure 5.27. The inset of
figure 5.26 (c) reveals that the carbon phase is amorphous. It should be noted that
all diffraction patterns show an innermost ring corresponding to the forbidden (110)
reflection of fcc Cu as indicated by the arrow which is assigned to the presence of
interstitial carbon atoms in the copper lattice. This ring was also observed in the C:Cu
composite grown at 300 and 500◦C (see section 5.1.3).
The cross-sectional bright-field TEM images of as-deposited and at 700◦C postan-
nealed C:V composite thin films are shown in figure 5.28 (a) and (c). No changes in
the granular morphology are observed by annealing up to this temperature. The films
are composed of globular and in the film growth direction slightly elongated grains
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Figure 5.26: Cross-sectional BF TEM images of the C:Cu composite thin film as-deposited
at 200◦C and of annealed samples at Ta=500 (b) and 700◦C (c). The corresponding SAED
patterns are shown in (d)-(f). The arrow in the SAED patterns indicate the forbidden (110)
reflection of the fcc Cu phase.
Figure 5.27: Cross-sectional DF TEM image of the C:Cu composite film annealed at
Ta=700◦C.
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Figure 5.28: Cross-sectional BF (a) and DF (b) TEM images of the C:V composite thin
film as-deposited at 200◦C and cross-sectional BF TEM image of the annealed sample at
Ta=700◦C. The corresponding SAED patterns are shown in the insets.
which are clearer visible in the corresponding dark-field image (figure 5.28 (b)). The
difference in granular morphology in comparison to the C:V films presented in sec-
tion 5.1.3 is related with the higher V content of the films in the annealing series.
The matrix (white layers) is hardly visible in the BF TEM images due to the small
distance between neighboring grains resulting in a low contrast between matrix and dis-
pered phase. This also complicates a precise determination of the particle dimensions.
Roughly, the grains are 2-3 nm in width and up to 6 nm long. The surrounding carbon
phase seems to have a featureless appearance. The corresponding SAED patterns of
the as-deposited and annealed sample are similar showing sharp rings due to the fcc
VC phase and an innermost broad ring at the graphite (002) position. The similarity
of the patterns confirms the above observation that the initial granular morphology is
retained.
The grain size obtained from the width of diffraction peaks employing the Scherrer
equation is in good agreement with the size indicated by the high-resolution TEM
images for the as-deposited and annealed C:V composite films. In contrast, for C:Co
and C:Cu films annealed at 700◦C the estimated grain size by the Scherrer formalism
is significantly lower than the one obtained from the TEM micrographs indicating that
the grains are composed of several crystallites as shown by DF TEM imaging.
Finally, SAED analysis confirms the presence of fcc VC and fcc Cu observed by XRD
in C:V and C:Cu composites up to an annealing temperature of 700◦C. In the C:Co
composites the metastable cobalt carbide decomposes below 500◦C into metallic Co and
graphite-like carbon. TEM investigations show no changes in the granular morphology
of C:Co and C:Cu composites by annealing up to 500◦C. No composite structure is
present in these films after annealing at 700◦C because metal surface segregation results
in a vertical phase separation. The different shape of the large Co and Cu grains on the
surface of the carbon layer indicates that C/Co interface energy is lower than that of
C/Cu. Polycrystalline graphite is formed in C:Co composites during annealing, while
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the carbon matrix retains its amorphous appearance in C:Cu composites. No changes
upon annealing up to 700◦C are observed in C:V films.
5.2.4 Carbon matrix: Raman spectroscopic investigations
Figure 5.29 shows the normalized first-order and second-order Raman spectra of as-
deposited and annealed C reference and C:TM composite films. The first-order Raman
spectra of the annealing series of pure carbon films (figure 5.29 (a)) exhibit two broad
overlapping features typical for amorphous carbon films, namely the D peak and the G
peak. Besides, the peak at ∼950 cm−1 from underlying silicon is visible. No remarkable
changes are observed up to 500◦C, while at higher temperatures annealing leads to a
slight increase in the relative D peak intensity and a slight shift of the G peak to higher
wavenumbers. The Raman spectra shows a broad feature in the second-order region.
The first and second-order Raman spectra of the annealing series of C:Co composites
is shown in figure 5.29 (b). The relative D peak intensity of the as-deposited C:Co film
is higher than for the pure carbon film which is consistent with the observations on C
and C:TM films grown at low temperatures as reported in section 5.1.4 and indicates
about a larger size of sixfold ring clusters for the latter. Two broad overlapping features
are observed up to 500◦C while at higher temperatures the separation of D and G peaks
becomes more pronounced. The blue shift of the G peak upon annealing should be
noted. In addition, second order peaks appear at 650◦C which are most pronounced at
the highest annealing temperature of this study. The appearance of the second-order
peaks is accompanied by a decrease in the relative D peak intensity. The dominant
feature in the second-order spectrum is an intense line at 2700 cm−1, denoted by D*.
Two weak features around 2950 cm−1 and at ∼3240 cm−1, which are labeled D+D’ and
G*, respectively, are also observed. The D* mode is the second order peak (overtone)
of the D peak, its position is very close to twice the D mode frequency. The G*
peak is an overtone of the disorder-induced D’ line [56, 137] present at ∼1620 cm−1
in nanocrystalline graphite (figure 5.14), which is right above the G line. The feature
around 2950 cm−1 arises from the combination of D and D’ line. The identification of
these peaks in the second-order Raman spectra can additionally be made by using the
vibrational density of states of a single graphite layer [140]. The main peaks in the
VDOS occur at 1620, 1360, 850, 830 and 570 cm−1. Thus 2(1620) cm−1 = 3240 cm−1
and 2(1360) cm−1 = 2720 cm−1 correspond to G* and D*. The disorder-induced peak
at ∼2950 cm−1 roughly corresponds to (1360 + 1620) cm−1 = 2980 cm−1. The Raman
spectra at 700◦C resembles those of nanocrystalline graphite, see figure 5.14.
The Raman spectra of as-deposited and annealed C:Cu films are shown in figure 5.29
(c). The D-G band is clearly observed up to an annealing temperature of 400◦C. The
broad background is attributed to photoluminescence which contributes to the Raman
spectra. Above 400◦C, the Raman spectra are dominated by photoluminescence. The
luminescence background was subtracted from the Raman spectra up to 400◦C, see
inset of figure 5.29 (c). For higher annealing temperatures it is not possible to sub-
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Figure 5.29: Normalized Raman spectra of C (a), C:Co (b), C:Cu (c), and C:V (d) films
as-deposited at 200◦C and after annealing at 300-700◦C measured with 532 nm excitation
light. The features in the second order Raman spectra are indicated by D*, D+D’ and
G*. Normalized Raman spectra of C:Cu films after subtraction of the photoluminescence
background are shown in the inset. The spectra were vertically shifted, but the original
intensity ratios for each measured series are preserved.
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tract the luminescence background. The inset shows the increase in G peak position
concomitantly with temperature. No peaks in the second-order Raman spectra can be
identified, while two small broad peaks in the region of the D-G band which overlaps
the photoluminescence background indicates about the presence of disordered carbon
structures.
The Raman spectra of as-deposited and postannealed C:V films are shown in figure
5.29 (d). No remarkable changes upon annealing are observed in the composite films,
except the slight increase in G peak position. The Raman spectra show no second-order
peaks.
The results from peak fitting of the Raman spectra of as-deposited and postannealed
C, C:Co and C:V films are summarized in figure 5.30. The results from the C:Cu films
are excluded from the figure because the fitted temperature range (200-400◦C) is too
narrow to observe reasonable tendencies and to draw conclusions out of them. For
the sake off completeness, all fitting parameters (D and G peak position and width,
coupling coefficient q, coupling parameter ΓG/q, ID/IG ratio and the calculated cluster
size La) are summarized in appendix 7.2 for the as-deposited and annealed C and C:TM
(TM=V, Co, Cu) films.
The evolution of the G peak position is shown in figure 5.30 (a). For pure car-
bon films the G peak is positioned at 1555 cm−1 in the as-deposited film and remains
almost constant up to 500◦C (1557 cm−1), while it slightly increases at higher temper-
atures to 1563 cm−1 at 700◦C. Annealing of C:V films leads to a slight increase from
1562 cm−1(as-deposited) to 1575 cm−1 (700◦C). The G peak position dependence on
temperature is more pronounced for C:Co films, increasing concomitantly with the an-
nealing temperature from 1545 cm−1 for the as-deposited film to 1588 cm−1 at 700◦C.
At T>600◦C the G peak position is close to that of nanocrystalline graphite.
The behavior of G and D peak width and of the coupling parameter ΓG/q vs. an-
nealing temperature are illustrated in figure 5.30 (b)-(d). For C:V films no considerable
changes with temperature are observed. Annealing of C and C:Co films up to 500◦C has
no remarkable effect on the width of D and G peak and ΓG/q. Besides, the parameters
of both types of films are close to each other. At higher annealing temperatures these
parameters start to decrease, except for ΓD in the pure carbon films. The decrease is
more pronounced for C:Co films. At the highest annealing temperature the coupling
coefficient is close to zero indicating that in-plane graphene ordering is complete and
three-dimensional ordering begins [140, 145].
For the amorphous carbon films, annealing has no influence on the ID/IG ratio up to
500◦C. At higher annealing temperatures the ratio increases from 0.71 at 500◦C to 0.84
at 700◦C. The as-deposited C:TM films show a higher ID/IG ratio in comparison to C
films indicating a larger size of the sixfold ring clusters (see section 5.1.4 for details).
Besides, annealing of C:TM films has the opposite effect as for C films: it decreases
ID/IG. Up to 600
◦C, C:Co and C:V films show no significant changes while ID/IG starts
to decrease significantly for higher temperatures for C:Co films and falls from 0.92 at
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Figure 5.30: Position (a), width ΓG (b) and coupling parameter ΓG/q (c) of the G peak,
width ΓD of the D peak (d), ID/IG ratio (e) and cluster diameter La (f) of C, C:V and C:Co
films as-deposited at 200◦C and after annealing at 300-700◦C for 532 nm excitation light. The
corresponding G peak positions of nc-graphite, graphite and ta-C are additionally shown as
horizontal lines for comparative purpose.
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600◦C to 0.52 at 700◦C.
The evolution of the sixfold ring cluster size can be followed by plotting the cluster
size La vs. annealing temperature. The question arises if equation 4.3 or 4.4 should be
used to estimate La. The decision is based on the following arguments: The Raman
spectra of all films show broad D and G peaks, except C:Co films annealed at 650 and
700◦C, which indicates that they correspond to stage 2 of the amorphization trajectory
[42, 56, 138]. Besides, the as-deposited films have already been assigned to stage 2 (see
section 5.1.4). Furthermore, for a-C films annealing leads to an increase in G peak
position and ID/IG ratio which indicates ordering in agreement with the predictions of
stage 2. Thus equation 4.4 has to be used to estimate La. In contrast, for the C:Co
films annealed above 600◦C, the appearance of second order peaks indicates about a
long-range ordering of the carbon phase, i.e. a larger size of the graphene-like sp2
bonded clusters, while ID/IG significantly decreases. Thus, the TK relation (equation
4.3) is valid for these two films. The cluster diameter La as a function of annealing
temperature is shown in figure 5.30 (f) for C, C:V and C:Co films. In a-C films the
cluster size remains constant up to an annealing temperature of 500◦C (La=11.4 A˚)
and increases only slightly for higher annealing temperatures up to 12.4 A˚ at 700◦C.
In C:V films the cluster size remains almost constant of ∼13 A˚ upon annealing. For
C:Co films annealing has only little effect on the cluster size up to 600◦C (La ≈13 A˚),
while La drastically increases at higher annealing temperatures up to ∼84 A˚ at 700◦C.
5.2.5 Discussion
The results above obtained from the annealed samples demonstrate that the changes
in the film morphology depend on the annealing temperature, and the transition metal
presence and type. The first part of the discussion considers the modification of the dis-
persed phase while the second part discusses the structural modification of the carbon
bonding structure by annealing for the three different transition metals. In the third
part, the results on the annealed C:TM films are summarized in a model, and the re-
sults are discussed on the basis of the mutual C-TM chemical affinity and temperature
activated bulk diffusion.
Modification of the dispersed phase
For the C:Co films, annealing in the temperature range of 300-500◦C leads to the
decomposition of the metastable cobalt carbide phase into the more stable hcp Co phase
indicated by the phase diagram and graphite-like carbon. Such transformation proceeds
with release of energy [2] as the thermodynamically phases are C and Co. Besides, no
changes in the granular morphology are observed up to an annealing temperature of
500◦C in comparison to the as-grown film. Thus, the carbidic-metallic transformation
should be related with interstitial carbon bulk diffusion out of the cobalt carbide grains
where it stops at the interfaces because carbon diffusion in carbon is very low as the
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annealing series of carbon reference films shows. Above 500◦C, the hcp Co nanoparticles
are further transformed into the fcc Co nanoparticles. At annealing temperatures above
550◦C bulk diffusion of the metal occurs which results in the increase in size of the Co
crystallites as observed by XRD. The vertical phase separation and the formation of an
almost continues metal layer on the surface at an annealing temperature of 700◦C most
probably should be assigned to the tendency of the system to minimize the free energy
by reducing the amount of matrix-inclusion interfaces. Furthermore, the higher affinity
of the carbon to silica (2D layer-by-layer growth mode) than that of metal (3D island
growth) is the most probable reason of such a depth distribution (metal/carbon/silica).
The faceted shape of the grains is a hint that the coalescence of contacting metallic
islands occurs and proceeds via liquid-like coalescence mechanism.
Similar to C:Co films, in the annealed C:Cu films metal bulk diffusion above 550◦C
results in significant grain coarsening and the metal surface segregation. It should be
noted that for the C:Cu film annealed at 500◦C even though TEM shows no remarkable
changes in the film morphology, ERDA indicates about a slightly higher Cu content on
the surface which is a hint for the lower activation energy for bulk diffusion of Cu in
comparison to Co, probably due to the lower melting point of the former as indicated
by the phase diagram. In contrast to cobalt which forms a quasi-continuous metal
layer at 700◦C, the presence of large faceted grains on the surface for the postannealed
C:Cu film shows that Co wets better carbon than Cu which is assigned to the lower
affinity to carbon for the latter. This indicates that surface energy is lower than C/Cu
interface energy for the C:Cu system in contrast to the C:Co system.
No changes in the morphology of the dispersed phase are observed for the C:V films
upon annealing up to 700◦C, the maximum temperature of the present study. This is
associated with the strong V-C interaction which ensures the thermal stability of the
VC phase up to 2670◦C [35] and thus of the whole composite structure of the films
in the investigated temperature range. Following this, neither carbon nor vanadium
diffusion occurs in the studied temperature range.
The present results show that the thermal stability of the composite decreases in
the order C:V > C:Co > C:Cu, i.e. is proportional to the TM affinity to carbon. In
addition, the film changes upon heating start with the carbon interstitial out-diffusion
from the Co carbide grains where it stops at the interfaces because carbon diffusion in
carbon is very low as the annealing series of carbon reference films shows. This step is
followed by thermally activated Co diffusion at higher temperatures. Such a two step
process does not occur neither in C:Cu films as a carbidic phase does not form in this
system nor in C:V films as the strong C-V bonds impose a high activation energy for
such a diffusion.
Modification of the carbon bonding structure
The Raman spectra of the annealing series of carbon reference films show no remark-
able changes in the investigated temperature range of this study indicating that bulk
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diffusion of C atoms in the carbon matrix is strongly limited. Slight variations are
observed in the Raman spectra fitting parameters (slight increase in G peak position
and ID/IG ratio, slight decrease in G peak width and coupling parameter) above an
annealing temperature of 500◦C suggesting a low ordering of the carbon phase due
to bulk diffusion. It should be noted that the graphitization of amorphous carbon
often involves temperatures in the range of 1700-3000◦C [36] which is well above the
maximum temperature of the present study.
For the postannealed C:Co films even though the granular morphology is not changed
by annealing up to 500◦C and HRTEM also shows no considerable changes in the layer-
like structure of the carbon matrix, Raman spectroscopy indicates ordering within the
graphitic (sixfold ring) clusters as the G peak position increases (figure 5.30 (a)) accord-
ing to the stage 2 of the amorphization trajectory (amorphous carbon→ nanocrystalline
graphite) [135, 138]. This most probably should be related with the decomposition of
cobalt carbide into hcp Co and graphite like carbon, and carbon phase rearrangement
at the interfaces. Above 550◦C, when bulk diffusion of Co occurs, the ordering effect
with increasing temperature becomes more pronounced (increase in G peak position,
significant decrease in ΓG, ΓG/q and ΓD). Besides, the appearance of second-order
peaks in C:Co films annealed above 600◦C indicates long-range ordering of the car-
bon phase and a significant larger size of carbon graphitic structures in comparison
to lower annealing temperatures and when compared to C reference films. At 700◦C,
the structure resembles nanocrystalline graphite, indicating about a finite size of the
crystallites and the absence of amorphous sp2 and sp3 carbon [56]. Similar results
have been reported by annealing carbon/cobalt layered thin films up to 600◦C [110].
In addition, the convex curvature in the G peak behavior of C:Co films above 600◦C
in figure 5.30 (a) hints toward a further decrease of the G peak position at higher
annealing temperatures which is in agreement with the stage 3 of the amorphization
trajectory when passing from nanocrystalline graphite to graphite.
The high-resolution TEM image for the C:Co composite annealed at 700◦C shows
that the graphite basal planes are not rigid but exhibit an undulating character and are
bent. Therefore, the produced phase is not crystalline graphite, which would have a
regular translational symmetry of the carbon atoms within the basal planes, but is best
described as graphitized carbon, rather than graphite itself. The Raman spectra of the
annealed C:Co film at 700◦C is consistent with the nanocrystalline graphite structure
observed by HRTEM. The graphitic structures in the annealed C:Co composite film
are similar to the observations in annealed a-C/TM/a-C trilayer films employing a
number of first row transition metals (Cr, Fe, Co, Ni) [110, 186]. The graphitization
of amorphous carbon upon annealing of such sandwich structures occurs well below
800◦C and is brought about by the elements themselves in the case of Co or Ni, and
by metastable carbide phases - iron carbide and chromium carbide. In situ TEM
observations revealed that upon annealing the metal or carbide (formed by the diffusion
of C into the metal) layer splits and is ejected from the original layer, and that these
metal-rich grains migrate through a-C, leaving the graphite phase in their wake. The
observed catalytic graphitization of a-C in metal/carbon layered films shows a striking
similarity to the behavior of other group IV amorphous elements Si and Ge, which
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crystallize at unusually low temperatures well below the reaction temperature in the
pure elemental phase (500-700◦C [110, 186]) when they are in contact with metals, in
particular those with which they form eutectic phase diagrams [186], i.e. limited solid
solubility of the terminal phases. It should be stated here that cobalt also forms an
eutectic system with carbon [72]. The graphite formation is termed metal-mediated
crystallization (MMC) or, in the case of carbides, carbide-mediated crystallization,
and is based on a dissolution-diffusion-precipitation mechanism [10, 110, 186]. The
proposed model is that carbon atoms dissolve into the metal, thus supersaturating
it with respect to the more stable crystalline phase due to the higher free energy of
the amorphous state, followed by the diffusion of carbon through the metal and the
precipitation on the surface as graphite. The diffusion through the metal lattice is
more rapid than the direct rearrangement of the atoms in the amorphous network, i.e.
this mechanism provides the shortest reaction path to release the excess free energy
of the amorphous phase [186]. This is consistent with the present findings which
show that carbon interstitial diffusion occurs at the temperatures far below 500◦C.
Presumably, the same mechanism as in the a-C/Co/a-C trilayer system occurs in the
C:Co composite upon annealing, with the exception that no metal layer splits into
individual particles. Carbon atoms are transported through the Co phase from the
a-C/Co to the Co/graphite interface, thus pushing the particles forward to the surface
leaving graphitic phase behind. On their way larger Co crystallites might be formed by
coalescence of contacting particles. Even though the equilibrium solubility of C in Co
is small, about 0.2 at.% at 700◦C [72], the higher free energy of a-C compared to the
crystalline form presumably extends the solubility limit of C in Co, thus supersaturating
the a-C/Co interface with carbon and giving rise to a concentration gradient of C inside
the Co grains. The estimated solubility of C in a splat-quenched Co-C solution is about
5.3 at.% [110]. Such a concentration gradient is the driving force for the C diffusion
through the metal. The graphitization of a-C is mediated directly by the Co phase,
because cobalt carbide decomposes prior to the reaction (<500◦C). Such a mechanism
requires a transport of entire metal particles, as carbon diffusion in carbon phase
was shown to be negligible and static Co particles would result in a complete metallic
particle encapsulation with a graphitic carbon in the immediate interface vicinity. Such
a mobility of metal nanoparticles is not surprising. It has been demonstrated in the
literature [187] by means of environmental TEM that during the carbon nanotube
growth metal catalyst nanoparticles in contact with the surrounding carbon behave like
liquid-like entities in terms of mobility and shape changing while remaining crystalline.
Konno and Sinclair observed by differential scanning calorimetry (DSC) on annealed
a-C/Co/a-C trilayer thin films of variable Co layer thickness that a thicker metal layer
induces the graphitization more rapidly and at slightly lower temperatures [110]. DSC
scans showed a peak temperature of the exothermic reactions at 570, 590, and 610◦C
for a Co layer thickness of 21, 14, and 7 nm. This is consistent with the observations
in annealed C:Co composite films, which show a lower degree of separation of the D-G
band upon annealing for the films with the lower Co content [6, 9], i.e. a smaller size
of the Co particles which take part in the reaction. The relatively small grain size in
the C:Co composite films of the present study might explain the higher graphitization
temperature in comparison to layered carbon-cobalt structures. These observations
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support the conclusion that the growth rate of carbon graphitic structures is directly
proportional to the flux of carbon atoms across the metal and metal nanoparticle
movement through the carbon matrix.
At 700◦C, the size of graphite crystallites La estimated from the ID/IG ratio ob-
tained by fitting the Raman spectra is about 8 nm, while HRTEM shows continuous
undulating fringes over longer distances. The discrepancy between the effective grain
size La obtained by Raman and that of TEM imaging has also been reported else-
where in the literature. Konno and Sinclair [110] pointed out that a strict definition
of the size of graphite crystallites is quite difficult and raised the question how much
deviation from a rigid basal plane should be sufficient to constitute the termination
of a grain. They assumed that La is a measure of the correlation of graphite planes
which does not necessarily correspond to the physical size of graphite in the presence
of undulating planes. On the other hand a lower La value for Raman can be assigned
to defects within the layers which reduces the effective graphitic cluster size [20]. From
this picture, the La value corresponds to an average distance between defects.
At some locations the basal planes of the graphite tend to follow the contours of
the metal particles from which they emerge. However, the observed graphite (002)
texture with the planes mainly perpendicular to the surface most probably should be
related with the conversion mechanism of a-C to graphite in the presence of small metal
particles, because for annealed a-C/TM/a-C trilayer films the graphitic planes are
roughly parallel to the original a-C/TM interface and the substrate surface [110, 186].
No second-order Raman signals are observed for the postannealed C:Cu films and the
carbon first order spectrum, if visible, shows a broad feature in the D-G band region,
which is in good agreement with the featureless appearance of the carbon matrix in
these films and indicates that the majority of the sp2 phase is probably present in
small, distorted aromatic clusters. The Raman spectra of the annealed C:Cu films are
dominated by carbon luminescence from 500◦C on, most probably due to the metal
surface segregation or the formation of larger Cu crystallites. Copper does not bring
about the graphitization by annealing up to 700◦C, which is assigned to the very low
solubility of carbon in copper being 0.006 at.% at 700◦C [35]. Thus, a metal-mediated
graphitization process similar to Co can not take place. This behavior is consistent
with the observation on copper/carbon layers which show no graphite formation by
annealing up to 600◦C [186]. On the other hand, it has been shown in the present
work that co-sputtering of carbon and copper at T≥300◦C produces copper particles
encapsulated by graphite-like carbon. Thus, it can be concluded that in the surface
diffusion dominated regime Cu promotes six-fold ring formation and clustering, but in
the bulk diffusion regime does not act as a catalyst.
The annealed C:V films do not show the presence of layered structures in the carbon
phase and also Raman spectroscopy shows no remarkable changes by annealing up to
700◦C which indicates that the initial bonding structure of the carbon matrix consisting
mainly of small aromatic clusters is preserved. Presumably, the diffusion of C is too slow
in VC, a high melting temperature compound, to bring about the graphitization process
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by a carbide-mediated mechanism similar to the system Fe-C and Cr-C [186]. It should
be noted that no graphitization has been achieved by annealing Ti/C layered structures
up to 1000◦C, while only the extremely stable TiC phase was produced at 400◦C [186].
As carbon atomic diffusion in the respective material is inversely proportional to its
melting point, a much higher temperature is required for the graphitization of the
carbon phase. Using known diffusion data for TiC a temperature of ∼1500◦C was
estimated to obtain equivalent changes to those in the Ni-C or Co-C system [186]. As
VC exhibits a slightly lower melting temperature than TiC the graphitization in C:V
composites is expected to occur at somewhat lower temperatures. However, such high
temperatures are still beyond the scope of the present work.
The above observations suggest that the carbon graphitization upon annealing is
determined in addition to the annealing temperature by the solubility of carbon in the
metal, the diffusion speed of carbon in the particles, i.e. by the melting temperature of
the dispersed phase, and the mobility of metal nanoparticles through the carbon matrix
themselves. In the surface diffusion dominated regime during growth all the metals
enhance the sixfold ring clustering, but in the bulk diffusion controlled regime only Co
acts as a catalyst for the carbon graphitization as for C:V much higher temperatures
are needed, while for C:Cu carbon is practically immiscible with Cu.
Structure zone diagram of annealed C:TM films
Figure 5.31 summarizes the modification of the C:TM composite structure upon an-
nealing. The as-deposited films are composed of metallic/carbidic NPs embedded in
amorphous/GLC matrix. For C:V films, no considerable changes neither of the dis-
persed phase nor of the matrix are observed up to the highest annealing temperature of
the study of 700◦C. For C:Co films, annealing in the T range of 300-500◦C results in the
carbon interstitial diffusion out of Co rich nanoparticles, i.e. in the formation of metal-
lic NPs by the decomposition of metastable Co carbide without considerable changes
of the granular morphology. Further increase of the annealing temperature to 550◦C
activates the metal bulk diffusion leading to significant grain coarsening and Co surface
segregation. Similar surface segregation effect is observed in C:Cu films in a similar
temperature range. This behavior is attributed to the minimization of the systems free
energy by reducing the amount of interfaces. While the metal surface segregation is
accompanied by carbon graphitization via the dissolution-diffusion-precipitation mech-
anism in C:Co films, the matrix in the C:Cu films retains its featureless appearance.
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Figure 5.31: Structure zone diagram of C:TM films as a function of the mutual C-TM chemical
affinity and annealing temperature. NPs denotes nanoparticles.
6 Conclusion
The structural evolution of carbon:transition metal films has been investigated in two
regimes: (i) surface diffusion governed regime occurring during the film growth and
(ii) bulk diffusion dominated regime occurring during the post-deposition thermal an-
nealing. Vanadium, cobalt and copper were incorporated into the carbon matrix by
co-deposition during ion beam sputtering. These elements exhibit different chemical
affinity to carbon which manifests itself by three types of phase diagrams: intermediate
compound (V-C), eutectic (Co-C), and peritectic (Cu-C). The influence of the metal
type, metal content (15-40 at.%), substrate temperature (RT-500◦C), and annealing
temperature (300-700◦C) on the structure and morphology of the composite has been
studied by the means of ERDA, XRD, TEM and Raman spectroscopy. The combi-
nation of these analytical techniques has allowed the characterization of the dispersed
phase as well as the carbon matrix.
The results demonstrate that for the films grown on thermally oxidized Si sub-
strates, the thermodynamic equilibrium structure for Co-C and Cu-C systems consists
of a metallic layer on the top of a carbon layer. This reflects the system’s tendency to
minimize the amount of interfaces. Higher affinity of the carbon to silica (2D layer-
by-layer growth mode) than that of metal (3D island growth) is the most probable
reason of such a depth distribution (metal/carbon/silica). Different wetting of the top
layer of Co-C system consisting of quasi-continuous layer in relation to that of Cu-C
consisting of faceted nanoparticles reflects the fact that the TM-C interface energy is
lower for the Co-C system. It should be noted that different substrate types with dif-
ferent wetting behavior of carbon and metals might cause different depth distribution
in the thermodynamic equilibrium. For C:V nanocomposite films, the thermal activa-
tion provided during the annealing in the temperature range addressed in this study
(300-700◦C) has not been sufficient to induce any considerable changes, and thus no
conclusions can be drawn on the thermodynamic morphological configuration of this
system. On the other hand, it reflects that the strong chemical C-V affinity stabilizes
not only the VC dispersed phase, but also the embedding carbon matrix. As the pure
carbon shows a weak tendency for local temperature induced reordering, this stability
effect in C:V nanocomposite thin films is unambiguously attributed to the presence of
a stable dispersed phase.
While the thermodynamic forces drive the system into the above structure, the low
film growth temperature, and thus absence of bulk diffusion, imposes strong kinetic
constraints which govern the structure formation in the surface diffusion dominated
regime. Concerning the phase structure, low growth temperatures lead to the formation
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of metastable cobalt carbide. The increase in surface diffusivity with temperature
results in a carbidic → metallic Co phase transformation above 300◦C. In contrast,
vanadium (copper) is in carbidic (metallic) state in the whole temperature range of the
study. This demonstrates that the moderate mutual dispersed phase-matrix affinities
can result in a formation of metastable phases provided that the diffusion activation
energy (temperature induced mobility) on the dispersed phase surfaces is sufficiently
high (low).
The different compound forming tendency shows up through differences in surface
diffusivity. As larger mobility results in larger dispersed nanoparticles for a given
substrate temperature, TM content and growth rate, the present results show that the
surface diffusivity decreases in the order Cu > Co > V. This indicates that the metal
adatom mobility is inversely proportional to their affinity to carbon determining the
strength of the TM-C interactions.
The film growth occurs as a competition of the dispersed phase to grow in size
and the encapsulating tendency of the matrix. Similarly to the single phase films,
the average nanoparticle diameter grows with the growth temperature. In contrast
to single phase metallic films where the increase in growth rate at the initial growth
stages results in higher nucleation density and thus fine structure formation, for C:TM
nanocomposite films the increase in metal content during co-deposition (and thus of the
effective growth rate of the metal rich phase) results in nanoparticle coarsening. This is
consistent with the thermodynamic tendency of the system to minimize the free energy
by minimizing the amount of matrix-inclusion interfaces. It is also consistent with a
kinetic picture of metallic islands serving as sinks for metal adatoms whose mobility is
dependent on the temperature, growth rate and state of the carbon matrix, where an
increase in the metal content and the growth temperature increases the probability of
the adatom trapping or nanoparticle coalescence (static or dynamic).
Low adatom surface diffusivity causes the repeated nucleation dominated growth
regime with fine-grained structure of globular nanoparticles. This occurs at low growth
temperatures for C:Co and C:Cu films and in the whole growth temperature range for
C:V films. The present results do not allow revealing the exact cause of the repeated
nucleation events. Most probably in this regime both the metal mobility on the carbon
phase as well as the carbon atom diffusivity across the metal/carbon interface are re-
sponsible for this effect. The average diffusion length, which is determined by the ratio
of surface diffusivity and growth rate, is low and prevents the metal adatoms to reach
the existing nanoparticles before being covered. Amorphous carbon can easily trap the
metal adatoms which further promotes the repeated nucleation. Defects in the carbon
phase or surface steps act as effective nucleation centers, while the influence of con-
tamination also cannot be excluded. On the other hand, though the carbon diffusivity
on the metal nanoparticle surface is expected to be high, the situation can change
drastically when a carbon adatom reaches a carbon/metal interface and starts to inter-
act with carbon matrix atoms. This study clearly shows that carbon mobility on the
carbon matrix is low owing to the strong covalent C-C interactions. Such interactions
can drastically increase the energy barrier at the interfaces stopping the carbon atoms
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and causing the nanoparticle closure and, consequently, repeated nucleation events.
The increase in the surface diffusivity promotes the lateral phase separation result-
ing in an elongation of the nanoparticles in the growth direction for C:Co and C:Cu
nanocomposites. Even copper diffusivity is significantly larger than that of cobalt
which results in the dispersed nanoparticles with significantly larger diameters in C:Cu
films, the morphological transition globular→elongated occurs in the same tempera-
ture range for both types of films. This results demonstrate that indeed not the metal
diffusivity on the carbon phase is the morphology governing factor, but the energy
barrier for carbon adatoms at the metal/carbon interfaces. The interface crossing be-
comes effective somewhere in the temperature range of RT-300◦C. This does not occur
for C:V films, which most probably indicates that in these films both metal and carbon
diffusion barriers are too high as to allow for any significant surface diffusivity in the
temperature range of RT-500◦C addressed in this study.
Despite of the morphological transition globular→elongated nanoparticles, repeated
nucleation occurs in the whole investigated growth temperature range of this study in
all the C:TM films independently of the metal type and content. This is in contrast
to systems such as Al-Si or Al-Ge where nanowires with a height equal to the film
thickness are formed already at RT. Even the results above cannot give an unambiguous
answer to the reason of such a behavior, the findings of this work strongly suggest
that the insufficient mobility is not the reason of such a behavior as at the highest
growth temperature the onset of bulk diffusion is already observed. The 2D nature of
graphite-like carbon whose formation is catalyzed and stabilized by the metal and the
carbon capability to form stable curved graphene-like or fullerene-like sheets is the most
probable reason for this effect. In this picture the growth proceeds as a competition of
surface diffusion induced lateral phase separation promoting the formation of columnar
structures and the formation of metastable metal catalyzed curved carbon structures
with the tendency to encapsulate the metal nanoparticles. The observed tendencies
demonstrate that the growth of nanocolumns with a height equal to the film thickness
in the presence of a matrix consisting of a layered material (carbon, boron nitride,
carbon nitride, ...) is very challenging if possible at all.
Concerning the carbon matrix, the results clearly demonstrate that metal influence
qualitatively as well as quantitatively is very different in the surface and bulk diffusion
dominated regimes. The present results clearly show that all the metals significantly
enhance the formation of sixfold ring carbon clusters. This enhancement occurs inde-
pendently of the nanoparticle size, shape, and phase, and metal content. The fact that
this effect is strongly retarded in pure carbon films indicating about a low carbon self
diffusion and the observation that the curved graphite-like structures are observed only
at the close vicinity of the nanoparticles allows us to attribute this effect to the action
of the metal nanoparticles as sixfold ring templates or fast diffusion short-circuits.
The sixfold ring formation enhancement degree depends on the transition metal
type and content, and decreases for ∼30 at.% metal in the order Co > V > Cu. It
should be noted, that the degree of enhancing sixfold ring clustering and the ordering
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within the clusters do not change with temperature for C:V films while it changes for
other C:TM films and even for carbon reference films. This strongly points out that
metal phase even promoting the formation of graphite-like structures hinders their
further development by imposing geometrical constraints. In addition to imposing
curvature on the surrounding carbon matrix, the nanoparticles themselves can act
as obstacles for extended planar graphitic plane growth. It is consistent with the
observation that there is an optimal metal content which provides the largest amount
of interfaces, thus largest amount of sixfold ring clustered material. Lower or larger
metal content provides lower amount of interfaces due to lower metal/matrix ratio or
particle coarsening, respectively.
In contrast to the ’catalytic’ activity in the surface diffusion governed mode, only
the eutectic Co-C system brings about the carbon graphitization for the bulk diffusion
governed mode. No graphitization upon annealing occurs for the peritectic (Cu-C) or
intermediate compound (V-C) system, and for pure carbon films owing to the very low
solubility of carbon in the metal phase for the former and the slow carbon diffusivity
for the latter two, respectively. The results suggest that for a metal nanoparticle to act
as a catalyst, it should act as a carbon solvent and should exhibit a certain mobility as
a whole. Such a behavior is a particular case of the ’dynamic’ nanoparticle behavior
in different chemical environments as observed for supported metal nanoparticles in
reducing/oxidizing gases [188] or during carbon nanotube growth. The results are also
consistent with a dissolution-diffusion-precipitation mechanism, similar to the metal-
mediated crystallization of amorphous silicon and germanium which also form eutectic
systems. For stable encapsulated particles such as those for C:V system, no changes
occur in either dispersed phase or the matrix the latter most probably being stabilized
by the dispersed phase imposed spatial constraints. For mobile nanoparticles but not
exhibiting considerable carbon solubility such as those present in the Cu-C system,
the thermal activation induced movement of the nanoparticles in the matrix actually
induces even higher matrix disorder.
7 Appendix
7.1 Raman spectra fitting parameters of as-deposited
C and C:TM films
Table 7.1: Raman spectra fitting results of C reference films grown at different substrate
temperatures.
T D peak G peak ID/IG
Center ΓD Center ΓG q
(◦C) (cm−1) (cm−1) (cm−1) (cm−1)
RT 1387 165 1539 204 -10.88 0.15
100 1378 203 1542 195 -9.18 0.32
200 1366 234 1552 182 -6.83 0.56
300 1363 245 1558 167 -5.93 0.75
400 1362 242 1565 156 -5.68 0.83
500 1364 237 1575 143 -5.77 0.87
Table 7.2: Raman spectra fitting results of tetrahedral amorphous carbon (ta-C), nanocrys-
talline graphite and graphite.
Reference D peak G peak ID/IG
Center ΓD Center ΓG q
(cm−1) (cm−1) (cm−1) (cm−1)
ta-C - - 1540 219 -7.76 0
nanocryst. graphite 1350 46 1583 18 -8.14 0.83
graphite - - 1581 14 -108.3 0
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Table 7.3: Raman spectra fitting results of C:Co (∼15 at.%), C:Co (∼30 at.%) and C:Co
(∼40 at.%) films grown at different temperatures.
T Co content D peak G peak ID/IG
Center ΓD Center ΓG q
(◦C) (cm−1) (cm−1) (cm−1) (cm−1)
RT ∼15 1354 241 1538 170 -6.41 0.83
100 ∼15 1354 248 1541 171 -6.59 0.87
200 ∼15 1354 246 1548 169 -6.34 0.87
300 ∼15 1358 249 1557 163 -6.22 0.88
400 ∼15 1362 250 1565 159 -5.90 0.93
500 ∼15 1366 243 1576 146 -6.05 0.93
RT ∼30 1352 281 1532 165 -6.89 1.19
100 ∼30 1351 286 1536 169 -7.35 1.13
200 ∼30 1350 268 1545 174 -6.36 1.03
300 ∼30 1356 268 1556 168 -6.12 1.00
400 ∼30 1364 249 1568 155 -5.63 0.99
500 ∼30 1357 210 1583 121 -6.11 0.96
RT ∼40 1337 284 1518 210 -11.48 0.97
100 ∼40 1343 271 1533 175 -5.63 1.03
200 ∼40 1349 268 1541 173 -5.91 1.03
300 ∼40 1354 277 1554 172 -6.29 1.02
400 ∼40 1362 270 1563 164 -5.94 1.02
500 ∼40 1365 250 1578 139 -6.44 1.02
Table 7.4: Raman spectra fitting results of C:Cu (∼15 at.%) and C:Cu (∼30 at.%) films
grown at different temperatures.
T Cu content D peak G peak ID/IG
Center ΓD Center ΓG q
(◦C) (cm−1) (cm−1) (cm−1) (cm−1)
RT ∼15 1361 246 1538 175 -7.02 0.69
100 ∼15 1356 251 1541 176 -6.39 0.77
200 ∼15 1352 253 1545 176 -5.97 0.84
300 ∼15 1353 251 1555 162 -5.59 0.88
400 ∼15 1363 235 1574 140 -5.71 0.86
500 ∼15 1363 213 1588 117 -6.71 0.88
RT ∼30 1362 252 1541 171 -6.98 0.65
100 ∼30 1359 260 1545 173 -5.60 0.73
200 ∼30 1355 260 1549 174 -5.64 0.80
300 ∼30 1355 257 1557 167 -5.36 0.82
400 ∼30 1360 243 1570 150 -5.70 0.81
500 ∼30 1361 213 1584 121 -6.30 0.80
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Table 7.5: Raman spectra fitting results of C:V (∼15 at.%) and C:V (∼30 at.%) films grown
at different temperatures.
T V content D peak G peak ID/IG
Center ΓD Center ΓG q
(◦C) (cm−1) (cm−1) (cm−1) (cm−1)
RT ∼15 1356 269 1536 171 -5.98 1.00
100 ∼15 1354 262 1539 171 -5.75 0.96
200 ∼15 1356 265 1547 170 -5.45 0.94
300 ∼15 1358 254 1552 169 -5.64 0.92
400 ∼15 1365 264 1561 158 -5.65 0.93
500 ∼15 1368 250 1573 145 -5.77 0.91
RT ∼30 1362 246 1552 149 -8.38 1.03
100 ∼30 1370 248 1561 140 -8.16 1.05
200 ∼30 1367 240 1560 141 -7.45 0.98
300 ∼30 1367 248 1561 143 -8.16 0.96
400 ∼30 1360 248 1556 151 -6.70 0.93
500 ∼30 1365 250 1565 148 -7.11 0.95
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7.2 Raman spectra fitting parameters of annealed
samples
Table 7.6: Raman spectra fitting results of C reference films grown at 200◦C and of postan-
nealed films at Ta=300-700◦C.
T D peak G peak ID/IG La
Center ΓD Center ΓG q |ΓG/q|
(◦C) (cm−1) (cm−1) (cm−1) (cm−1) (cm−1) (A˚)
200 1365 249 1555 177 -5.46 32 0.71 11.4
300 1368 251 1556 177 -5.40 33 0.71 11.4
400 1368 247 1556 174 -5.45 32 0.71 11.4
500 1367 245 1557 173 -5.42 32 0.71 11.4
550 1366 245 1558 169 -5.39 31 0.76 11.8
600 1366 244 1559 165 -5.49 30 0.78 11.9
650 1365 242 1560 162 -5.57 29 0.80 12.1
700 1364 245 1563 158 -5.71 28 0.84 12.4
Table 7.7: Raman spectra fitting results of C:Co (∼35 at.%) films grown at 200◦C and of
postannealed films at Ta=300-700◦C.
T D peak G peak ID/IG La
Center ΓD Center ΓG q |ΓG/q|
(◦C) (cm−1) (cm−1) (cm−1) (cm−1) (cm−1) (A˚)
200 1350 268 1545 174 -6.36 27 1.03 13.7
300 1353 271 1546 172 -6.45 27 1.00 13.5
400 1355 270 1551 169 -6.06 28 0.97 13.3
500 1358 260 1561 160 -5.64 28 0.94 13.1
550 1362 250 1569 146 -5.81 25 0.94 13.0
600 1360 233 1578 131 -5.89 22 0.92 12.9
650 1356 206 1585 109 -6.46 17 0.80 54.7
700 1351 108 1588 62 -15.14 4 0.52 84.3
102 7 Appendix
Table 7.8: Raman spectra fitting results of C:V (∼35 at.%) films grown at 200◦C and of
postannealed films at Ta=300-700◦C.
T D peak G peak ID/IG La
Center ΓD Center ΓG q |ΓG/q|
(◦C) (cm−1) (cm−1) (cm−1) (cm−1) (cm−1) (A˚)
200 1370 309 1562 148 -7.98 19 0.98 13.3
300 1371 274 1569 135 -8.64 16 0.95 13.2
400 1373 291 1569 138 -7.19 19 0.97 13.3
500 1372 269 1573 133 -8.87 15 0.97 13.3
550 1370 288 1572 134 -6.07 22 0.96 13.2
600 1368 250 1571 135 -6.43 21 0.92 13.0
650 1365 257 1573 137 -6.33 22 0.92 12.9
700 1364 244 1575 133 -6.25 21 0.89 12.7
Table 7.9: Raman spectra fitting results of C:Cu (∼40 at.%) films grown at 200◦C and
of postannealed films at Ta=300 and 400◦C. Before fitting the copper photoluminescence
spectra has been subtracted from the Raman spectra.
T D peak G peak ID/IG La
Center ΓD Center ΓG q |ΓG/q|
(◦C) (cm−1) (cm−1) (cm−1) (cm−1) (cm−1) (A˚)
200 1352 144 1553 173 -4.53 38 0.86 12.5
300 1354 146 1555 171 -4.37 39 0.87 12.6
400 1358 140 1559 163 -4.63 35 0.85 12.4
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